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ABSTRACT
ULTRATHIN POLYMER FILM MECHANICS: THE ROLE OF
ENTANGLEMENTS AND MORPHOLOGY
SEPTEMBER 2022
CYNTHIA ANN BUKOWSKI
B.S., WORCESTER POLYTECHNIC INSTITUTE
M.S., UNIVERSITY OF MASSACHUSETTS AMHERST
Ph.D., UNIVERSITY OF MASSACHUSETTS AMHERST
Directed by: Professor Alfred J. Crosby

Polymer thin films are used in many applications including packaging, electronics,
and membranes where they can be freestanding or serve as coatings within a multilayer
system. In an effort to reduce plastic waste and conserve energy, minimizing the thickness
of these applied polymer films is necessary but requires an understanding of the mechanical
properties and how they change as film thickness decreases. Polymer chains exhibit
changes in mobility and entanglements when confined in thin film geometries. Utilizing
custom-built instrumentation that can measure the complete stress-strain response of
polymer films below 100 nm in thickness, this dissertation explores the physical changes
in polymer molecules, specifically related to entanglements and morphology, in ultrathin
geometries and relates them to the observed mechanical response.
To systematically manipulate entanglements, polystyrene of varying chain lengths
is blended in different ratios and the complete uniaxial stress-strain response is measured
for 100 nm films on a liquid surface (Chapter 2). The strength of these macroscopic films
is quantitatively compared to uniaxial extension in molecular dynamics simulations of
similar blended glassy films. Based on these results a mean-field model relating the
vii

mechanical response to the number of load-bearing entanglements within the systems is
developed.
Moving on to a more complex, phase-separated system, the effect of morphology
on poly(styrene-b-2-vinylpyridine) films is measured in a freestanding state. While
maintaining a constant volume fraction in the block copolymer, the morphology is altered
through solvent vapor annealing in chloroform. Through uniaxial extension, a higher
maximum stress is measured in the lamellar morphology compared to the cylindrical
morphology and a similar elastic modulus is measured for the two morphologies. Values
for these two mechanical properties in both morphologies are higher than for polystyrene
and poly(2-vinylpyridine) homopolymers. These enhanced properties are related to the
chain conformations within the two morphologies and residual stresses.

However,

softening of P2VP is observed in the presence of water.
To explore this softening, the two morphologies of poly(styrene-b-2-vinylpyridine)
are measured in uniaxial extension on water’s surface. Elastic moduli and maximum
stresses are reported that are below what is measured for the homopolymer components.
The cylindrical morphology is also stronger of the two phase-separated morphologies. Both
morphologies exhibit increases in failure strain of 10x. A reduced complex shear modulus
and glass transition temperature are measured for poly(2-vinylpyridine) in the presence of
water. These electrostatic interactions between water and the poly(2-vinylpyridine) are
responsible for the extreme ductility and weakened mechanical strength observed.
Through this dissertation, the number of load-bearing entanglements within
polystyrene blends is quantified and the mechanical response of a phase-separated block

viii

copolymer is measured in two environments examining the effects of morphology and
expanding the knowledge of ultrathin film mechanics.
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Chapter 1
INTRODUCTION
1.1 Motivation and Overview
Polymer films play a critical role in a wide array of present-day applications
including packaging, filtration membranes, and electronics. They act as excellent barriers
contributing to the fields of health and technology. However, there is room for significant
advancements through reducing the amount of polymer used in these technologies. This is
dependent on understanding the mechanical properties of ultrathin polymer films on the
nanometer scale. For example, plastic packaging acts as a protective barrier to keep medical
supplies sterile but also contributes to significant levels of plastic waste. If less material
was used, by producing mechanically equivalent thinner packaging, this would
significantly reduce waste and energy costs for production. Yet, the lack of fundamental
knowledge on how mechanical properties change as thickness decreases, and films become
extremely fragile, is a limiting factor in this progression. By deepening our understanding
of polymers in the confined state and exploring how and why thin polymer films fail at
lower stresses, the advancement of current technologies will be realized. Certain
mechanical properties of thin films, such as elastic modulus (E),1–21 and deformation
mechanisms, like crazing,13,22–31 have been previously studied. Still, a complete
understanding of how and why thin film properties differ compared to bulk values has not
been achieved.

1.2 Entanglements
Mechanical properties of polymers are heavily dependent on the interchain
entanglements in the system. Entanglements play a major role at high stresses and high
1

temperatures when putting forces on a material. They help dictate the maximum stresses
and yielding of a material as well as play a role in deformation mechanisms. The number
of entanglements that a single molecule can make is proportional to the molecular weight
of the polymer and the material’s characteristic molecular weight between entanglements
(Me). Quantifying entanglements, however, is not a trivial task and methods for
determining their number vary in literature.
In bulk materials, the entanglement molecular weight of a system is often measured
through rheology by obtaining the plateau shear modulus (G) above a polymer’s glass
transition temperature, Tg. G is inversely proportional to a polymer’s characteristic Me.32
For a model system, like polystyrene (PS), Me values ranging from 13.3 – 35 kDa are
reported.22,33–36 Multiple sources call out a critical molecular weight, equal to 2Me, as
necessary to form an entanglement.37–39 Although this relationship has been deemed too
simple for universal use,40,41 it does still serve as a basis in many models. When a sample
of polymer has disperse molecular weights, in the case of blended or high polydispersity
index (PDI) samples, the entanglement length is diluted and the number of entanglements
decreases.24,31,42 To account for this dilution, the undiluted Me can be divided by the
fraction of long chains within the system.26,42 As more chain ends are incorporated into a
material because of smaller molecular weights, the overall number of entanglements within
the system is decreased. Decreases in entanglements are also expected as film thicknesses
decrease. As thickness approaches the radius end-to-end distance, Ree, of a polymer
molecule, chains form a decreasing number of interchain entanglements, entangling with
themselves rather than neighboring molecules.43–45 This transition of entanglement form,
from interchain to intrachain entanglements, has only been measured indirectly. Course-
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grain model simulations of freestanding glassy films report a decrease in entanglements
per chain from bulk thickness values when the ratio of film thickness to Ree approaches
and goes below 1.45
Entanglements in block copolymers are also different from those in homopolymers
and should not be subjected to the same Me.46 Simulations have shown that block
copolymers have more entanglements than homopolymer systems overall. In a lamellar
morphology, the number of entanglements across lamellae is nonuniform47 and dependent
on molecular weights.48 In shorter chains, the density of entanglements is higher at the
interface between blocks.47,48 With longer chains, the increase is near the interface but not
at the interface.48 With a higher number of entanglements, this implies that the
entanglement chain length must be shorter in a phase-separated system.
During deformation, experiments and simulations agree that entanglements must
change. Yet, there is not agreement on how they change. Gel permeation chromatography
has confirmed a broader molecular weight distribution of a polystyrene specimen after
deformation, indicating that chain scission is occurring.49 Kuo and coworkers report that
polystyrene must undergo a geometrically necessary entanglement loss, through
disentanglement and chain scission, to form crazes.23 More recent simulation work, using
bead-spring model molecular dynamics, argues that entanglements are not lost. Rather the
entanglements, or topological constraints that persist from the melt, change identity during
deformation.50 Chain scission in simulations is insignificant compared to chain sliding.51
This will be further discussed in Chapter 2.

3

1.3 Mobility in thin films
In the glassy amorphous state, polymers are ‘frozen’ in space until the temperature
approaches the polymer’s Tg allowing for increased reptation, or movement of chains to
more entropically favored configurations.52,53 While Tg is seen as a material characteristic,
observations have been documented showing that Tg is thickness dependent in polystyrene
and poly(methyl methacrylate).54–62 Decreasing the thickness of polystyrene for
freestanding55–57 and some substrate supported54,58,59,63–65 films results in a Tg depression
from bulk values. For polystyrene on a silicon wafer substrate, the decrease in Tg as a
function of thickness down to 10 nm can be seen in Figure 1.1.58 The drop in glass transition
temperature is attributed to higher mobility surface molecules at an air interface that sit
atop a ‘bulk-like’ layer.55,57 At bulk Tg, the mobile surface layer in polystyrene reaches a
maximum thickness of 7 nm, irrespective of film thickness, molecular weight, and ramping
rate measured using differential scanning calorimetry.57 However, it has been observed in
polycarbonate that if a strongly attractive substrate is used, there is an increase in Tg with
decreasing thickness.66 Here, molecules are less mobile at the substrate interface.
The mechanical response is also dependent upon chain mobility and the
temperature at which materials are tested. In very thin films, the mobile surface layer
constitutes a greater fraction of the overall film thickness and can affect deformation.

4

Figure 1.1 Glass transition temperature as a function of polystyrene film thickness on silicon wafer
substrates. This image is from J. L. Keddie et al 1994 EPL 27 59. Permission to use this image has
been requested.

1.4 Mechanics of ultrathin films
There are now multiple methods that are used to measure the mechanical properties
of ultrathin films. While different materials have been tested with these methods, the results
below focus on polystyrene as a model system.
The various methods include nanoindentation, surface wrinkling, nanobubble
inflation, liquid-supported tensile testers, and freestanding tensile testers. Nanoindentation
and surface wrinkling are both substrate-supported techniques and attain contradicting
results. Nanoindentation measures an increase in modulus as thickness decreases in
polystyrene. However, this method is limited because substrate effects and the stiffness of
the contact compared to the stiffness of the cantilever or load cell can greatly influence
measurements in ultrathin films.1,5,6,11 Surface wrinkling observes a decrease in modulus
for films below 40 nm, measuring films as thin as 5 nm.2–4,10,12 Samples are in contact with
a substrate, such as poly(dimethylsiloxane) (PDMS), meaning the results may be affected
by interfacial interactions. The modulus is dependent on the ratio of wavelength to film

5

thickness to the third power and the accuracy of the measurement of the substrate
modulus.12 Nanobubble inflation,8,9,21 on the other hand, is capable of measuring
freestanding films. These measurements are carried out in a biaxial stress state calculating
compliance from creep experiments. The modulus is observed to increase with decreasing
thickness, similar to nanoindentation. This technique requires that films be tested around
or above their Tg limiting results in the glassy state for polystyrene.8 These three methods
look only at the small strain regime focusing on elastic response.
To study larger strains, other techniques have been developed including ones used
in this dissertation. The wrinkling-cracking method, having a thin PS film on a slab of
PDMS, has looked at fracture strength in films as thin as 9 nm. A drop in modulus for films
thinner than 40 nm is seen, similar to the surface wrinkling technique. In this regime,
fracture strength decreases and onset fracture strain increases as thickness decreases.7
Substrate effects and mixed-mode fracture complicate quantifying the mechanical
properties of these layered systems.67 Kramer and coworkers developed the copper grid
technique utilizing freestanding films obtaining extension ratio and crazing surface
stresses.25,28 They deduce that craze fibrils draw polymer from the craze-matrix interface.
However, if failure properties and the complete stress strain response are desired, one must
look to uniaxial extension instruments developed in various research groups. These
typically use an electronic load cell and water bath to look at the response of films on a
liquid’s surface.15,19,68,69 The Crosby research group initially built the UFT,16 which
evolved into TUTTUT.13 TUTTUT was also adapted to measure truly freestanding films
using the TUFF configuration.14 These instruments, which use a cantilever for tunable
force-displacement resolution, all see a decrease in modulus as film thickness approaches
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the polymer size. Instrument schematics and descriptions are found in the next section.
Another freestanding technique, the SMART transfer method also sees a decrease in
modulus in films below 40 nm and confirms a similar response between freestanding and
water supported polystyrene films that Crosby group instrumentation has reported.20 A
summary of the trend in elastic modulus and film thickness for some of these techniques
can be seen below in Figure 1.2.

Figure 1.2 Trends of polystyrene thin film modulus measurements as a function of thickness.

1.5 Instrumentation
To measure the complete stress-strain response of thin films, this dissertation uses
two custom-built uniaxial tensile testers to measure the mechanical response of ultrathin
polymer films. The Uniaxial Tensile Tester for UltraThin films (TUTTUT) is used to
measure films floating on a liquid bath (Figure 1.3).13,16 Prepared films are floated onto a
3D printed water bath and attached to the bath with a silicon wafer clamp. This clamp is
coated with a thin layer of the polymer being tested to promote adhesion between the clamp
and the polymer film through van der Waals forces preventing slipping of the film. The
other end of the ‘dogbone’ is attached to a similarly coated glass extension piece. This
7

extension piece allows for in situ dark field microscopy of film deformation and failure
mechanisms. The extension piece is attached to an aluminum coated glass cantilever that
is calibrated for force and displacement. The cantilever is stationary, fixed to the floating
table supporting the instrument. The bath sits atop a linear actuator that translates away
from the cantilever inducing tension on the clamped film and deflections of the reflective
cantilever. A laser reflective system with an integrated camera is used to track the
displacement of the cantilever. Using the ‘dogbone’ geometry, a complete stress-strain
curve can be calculated.

Figure 1.3 Schematic of The Uniaxial Tensile Tester for Ultrathin Films (TUTTUT). Adapted with
permission from Macromolecules 2018, 51, 10, 3647–3653. Copyright 2018 American Chemical
Society.

Ultrathin

polystyrene,13,16

polycarbonate,70

poly(methyl

methacrylate)

nanocomposites,71 and poly(dimethyl siloxane)16,72 have been characterized using
TUTTUT to date. As thickness decreases in PS films, a change in deformation mode from
crazes to shear deformation zones (SDZs) was observed. SDZs are associated with
enhanced mobility but the ultrathin film fails in a brittle manner, which can be attributed
to a loss of interchain entanglements in the confined geometry.13 With water as a support
8

layer in this technique, questions remained about whether water has an effect on the
mechanical response due to reported changes in PS mobility at the film’s surface in the
presence of water.57,73

Figure 1.4 Schematic of the Tensile tester for Ultrathin Freestanding Films (TUFF). Adapted with
permission from ACS Macro Lett. 2019, 8, 9, 1080–1085. Copyright 2019 American Chemical
Society.

To address these questions, TUTTUT was evolved to also measure films in a
freestanding state and renamed The Tensile tester for Ultrathin Freestanding Films (TUFF).
TUFF has been used to measure films as thin as 30 nm in thickness. 14 TUFF uses a slotted
washer to support ultrathin polymer films in a freestanding state when lifted off of a liquid
surface. In the freestanding state, the films are laser cut into a ‘dogbone’ shape. The washer
is secured in a 3D printed clamp that is fixed to the linear actuator (Figure 1.4). Stressstrain measurements are carried out in the same manner as TUTTUT described above.
Results from PS ultrathin films show that water does not affect the mechanical properties,
apart from a slight variation in failure strain.14 TUFF reports a smaller failure strain than

9

TUTTUT and it is proposed that TUTTUT’s enhanced failure strain is due to water acting
as a craze stabilizer.

1.6 Dissertation Organization
Following this introductory chapter on the physics and mechanics of ultrathin glassy
polymer films, Chapter 2 covers the first dissertation project. This project is a collaboration
with molecular dynamics simulators to understand how the number of entanglements
directly relates to the mechanical response observed in polystyrene blends. This work
quantifies the number of load-bearing entanglements in polymer glass blends, establishes
a quantitative connection between experiments and simulations, and develops a mean-field
model relating load-bearing entanglements to the observed mechanical response.
The third and fourth chapters investigate phase separated poly(styrene-b-2vinylpyridine). Chapter 3 studies the effect of morphology on the mechanical response of
thin freestanding films that maintain consistent volume fraction of each block. A
cylindrical and lamellar morphology are obtained through solvent vapor annealing and
characterized with atomic force microscopy. We find that the lamellar morphology has a
higher maximum stress than the cylinders but elastic modulus is constant between the two.
However, both block copolymer morphologies exhibit mechanical properties greater than
their homopolymer counterparts polystyrene and poly(2-vinylpyridine) (P2VP).
Chapter 4 further examines this block copolymer system, using TUTTUT, by
looking at the water-enhanced ductility of the films as water infiltrates the poly(2vinylpyridine) block. The elastic modulus and maximum stress for both morphologies
drops significantly when compared to the freestanding measurements in Chapter 3. Failure
strains increase 10x. In a wet environment, the cylindrical morphology has higher modulus
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and maximum stress than the lamellae. The effect of water on P2VP is explored with quartz
crystal microbalance and differential scanning calorimetry.
Finally, in Chapter 5, I provide a summary of this dissertation work and highlight
unanswered questions in the area of thin film mechanics and future studies that can advance
our understanding of entanglements, morphology, and polymer thin films.
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Chapter 2
LOAD-BEARING ENTANGLEMENTS IN POLYSTYRENE BLENDS
2.1 Background
This project was a collaboration with Professor Robert A. Riggleman and Dr.
Tianren Zhang at the University of Pennsylvania. Professor Riggleman and Dr. Zhang
carried out the molecular dynamics simulation work. My contribution to the work was the
experimental polystyrene blends work looking at the effect of entanglements on the
mechanical response from a macroscopic point of view. The simulations allowed us to view
the polymer blends from a molecular level and quantify the load-bearing entanglements.
This work is published in Science Advances and can be found at DOI:
10.1126/sciadv.abg9763.
Below is the final published version of this work as it appears in the journal. This
is in license agreement with AAAS.

2.2 Introduction
Glassy polymers, those below their glass transition temperature (Tg), are crucial to
an expansive range of current and emerging technologies from additive manufacturing to
filtration membranes for clean water. Their stiffness and processability make them
attractive materials for many applications. Their strength, or the maximum stress a sample
can withstand without failure, is decisive for determining lifetime and performance limits.
The strength of polymer glasses has been studied classically, and it is broadly understood
that entanglements between polymer molecules in the glassy state play a crucial role in the
determination of strength.35 Below a critical number of entanglements per molecule, glassy
polymer materials are excessively brittle and break at diminishing levels of stress.38,39
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Above a critical entanglement density, polymer materials dissipate energy through
intermolecular disentanglement and molecular scission to enhance their strength and
toughness or the energy dissipated by deforming a sample to failure. These processes are
unique to polymers and are a large reason for their wide-ranging use in many technologies.
While entanglements are crucial for strength, they also necessitate the use of volatile
solvents or excessive temperatures during the processing of glass-forming polymers. These
practices are environmentally costly.74 Ideally, the minimal degree of entanglements could
be known to design maximally strong polymer materials processed with minimal
environmental cost. However, a molecular view of how polymer entanglements determine
strength and toughness has not been fully developed, thus hampering the efficient design
of polymer materials. Here, we combine new experimental capabilities with molecular
dynamics (MD) simulations to reveal that not all entanglements contribute equally in a
polymer glass. We develop and validate a scaling theory that describes the number of
strength-contributing entanglements per polymer chain, thus providing a quantitative
framework for maximizing strength with minimal entanglements in a polymer glass.
The mechanical properties of polymer glasses are controlled by the interplay of van
der Waals forces and entanglements. Van der Waals forces between polymer segments
dominate at low strains and temperatures, defining properties such as the elastic modulus,
while entanglements dominate at large strains and high temperatures.75 The transition
between these regimes is associated with the activation of mobile segments along the
polymer chains, which controls the onset of yielding and subsequent permanent, or socalled plastic, deformation and failure. For polymer glasses, plastic deformation is often
associated with the growth of crazes or shear deformation zones, both of which are
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localized deformation mechanisms that precede crack growth and ultimate failure. The
morphology and growth mechanisms of both crazes and shear deformation zones have been
studied extensively since the 1970s.25,28,29,76
The role of entanglements in both crazes and shear deformation zones has been well
established through experiments, simulations, and theory.25,29,50,76,77 Crazes form at low
entanglement densities, and shear deformation zones form at high entanglement densities.
The stability of a craze, or the resistance for a craze to break down and form a crack, is also
a function of entanglement density, as well as temperature and strain rate.22 Many previous
experimental studies have focused on understanding these deformation mechanisms, as
they can be tracked morphologically with optical and transmission electron
microscopy.13,24,28,78,79 A particularly attractive aspect of this approach is that it is
conducive to using thin films, where model polymer blends of polymers with narrow
polydispersity and controlled enthalpic interactions can be used to empirically isolate the
role of molecular entanglements.24,31 However, linking these deformation mechanisms to
the mechanical strength of a polymer glass is challenging since measurements of
mechanical strength, such as the maximum failure stress or critical strain energy release
rate, have been limited to thicker, bulk specimens where model polymer blends with
controlled entanglements are challenging and cost prohibitive. In this study, we overcome
this limitation by using a recently developed experimental method that allows measurement
of the complete uniaxial stress-strain response of ultrathin polymer films.13,16 This
approach allows us to systematically alter the state of entanglements using model polymer
blends while also measuring their impact on mechanical strength.
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MD simulations have provided valuable insights into the role of entanglements in
the properties of polymer melts and glasses .50,80,81 Simulations of even simplified, coarsegrained glasses exhibit behaviors that agree very well with experiments during deformation
close to Tg, where the response is ductile.82,83 However, there are numerous challenges
including the disparate length and time scales accessible to simulations and experiments,
and the failure mode in common coarse-grained models is often ductile even at conditions
where experiments expect brittle failure. Even at very low temperatures, the ductile
response makes direct connection between the failure properties of glassy polymers in
experiments and molecular simulations challenging. Below, we identify the appropriate
quantities that describe mechanical strength in both MD simulations and experiments to
realize quantitative connections between the two. This advance provides important
opportunities for using predictive MD simulation studies to guide the design of more
efficient polymer materials.
In addition to simulations, scaling theories have contributed to defining the role of
entanglements in the mechanical properties of polymer glasses. Most theories have focused
on understanding deformation mechanisms, such as crazes and shear deformation zones,
and measurements of ductility, such as the maximum stretch ratio. These parameters and
mechanisms can be connected to the morphological analysis approach afforded by thin
films with controlled entanglement networks. Mikos and Peppas36,84–86 developed
predictive scaling models that focus on predicting the strength and toughness of polymer
glasses, both of which are potentially more important for straightforward engineering
design of materials. They approached the role of entanglements by developing a stochastic
model based on effective crossings. An effective crossing is one in which two neighboring
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entanglements fall on opposite sides of a fracture plane, allowing the crossing chain to bear
a load.36 This distinction excludes chain ends from being able to form entanglements.
Counting the number of effective crossings per unit area, they postulate that fracture energy
is controlled by the energy required to rupture all crossing molecules. In counting effective
crossings, they consider two extremes of polydispersity, materials with monodisperse
distributions of molecular length and polydisperse ones described by a Schultz-Flory
distribution. The predicted difference between these two extremes is minor. For a
polydisperse material, the fracture energy was proposed to obey 𝐺𝐹 = 𝐺𝐹∞ 𝑒

(−

2
)
⟨Z⟩

, where

GF∞ is the fracture energy for a polymer system with infinite molecular weight, ⟨Z⟩≡Mn/Me,
Mn being the number average molecular weight, and Me the material-specific molecular
weight between entanglements. For bulk specimens, which realistically have defects, the
𝐸𝐺𝐹

strength scales as 𝜎𝐹 ~ √

𝐿

where E is the elastic modulus and L is the length of the

largest defect. In the limit of zero defects, the strength is 𝜎𝐹 = 𝜎𝐹∞ 𝑒

(−

2
)
⟨Z⟩

, where 𝜎F∞ is the

critical strength for an infinitely long chain. While these predictions for fracture energy
and strength seemingly compared favorably to classical experimental data, these
comparisons were made over ranges of molecular weights where it is difficult to resolve
the accuracy of the chosen parameters, GF∞ and 𝜎F∞.87–90 While advantageous in many
respects, these low-dispersity samples do not allow for understanding the role of various
entanglements found in more typical polydisperse polymer materials. As we demonstrate
below, the Mikos and Peppas theory does not accurately predict the behavior of bidisperse
systems. Using the insight offered by MD simulations, we develop a modified theory that
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demonstrates that strength and fracture energy of polymer glasses are dictated by a
predictable fraction of the interchain entanglements.
In this work, we use a combined experimental and MD approach to understand the
role of entanglements on the deformation failure processes of thin glassy polymer blend
films. The ability to directly quantify the far-field stress-strain response of model glassy
polymer blend films provides a quantitative pathway to connect to MD simulation results.
This approach allows us to examine both the macroscopic perspective of experimental
films and the molecular perspective of local dynamics chain simulations to attain a
multisize-scale understanding of polymer strength.

2.3 Results
To control the number of entanglements in the system, we mixed monodisperse
polymers of the same chemical structure. The mono-disperse polymers have different
molecular lengths including species that are much longer than Me, species that are close to
Me, and species that are much less than Me. In experiments, polystyrene of Mn = 150.9 kDa
is mixed with either Mn = 13.7- or 59.5-kDa polystyrene. The Me value used is 18.1 kDa.36
Simulations use a coarse-grained polymer model with chains of length or degree of
polymerization, N = 250 combined with N = 10, 30, or 60 chains. For this model, the typical
number of monomers between entanglements (Ne) is around 16. All simulation quantities
are reported in reduced units scaled by the mass, van der Waals energy, and size of a
polymer monomer. This blended method of sample preparation allows a wide range of the
average number of entanglements per chain to be sampled, as the shorter chains dilute the
longer chain’s entanglement network.24,31
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In both experiments and simulations, various blend combinations are used where
the volume fraction of long chain is represented by 𝜙. In this manner, both the experiments
and simulations are designed to provide quantitative insight into how the entanglement
network contributes to the mechanical properties of glassy polymer materials (Figure 2.1).

Figure 2.1 Blended homopolymer thin films. Macroscopic experimental dog bone–shaped
specimen (pictured) loaded in TUTTUT for uniaxial extension. Molecular-level simulations depict
chains sliding past one another to form openings in the film as it is strained. Blended systems are
composed of long (dark blue) and short (light blue) chains where most load-bearing entanglements
(orange dots), if not all, are among the long polymer chains. Photo credit: C. Bukowski, University
of Massachusetts Amherst.

2.3.1 Mechanical Properties of Polymer Blends
The measured mechanical response at various diluent concentrations with two
different diluent lengths is shown in Figure 2.2 for both simulations and experiments. As
the concentration of the longest chains is decreased, the maximum stress and failure strain
begin to decrease for 𝜙 > 0.80 in the experiments. In Figure 2.2A, the representative curves
for each blend demonstrate an initial linear elastic stress-strain response that plateaus after
yield for larger 𝜙 values. Blends with 𝜙 > 0.80 are dominated by the long chains in the
system, and the short chains have little effect on the maximum stress. The plateaus in the
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curves indicate plastic deformation in the form of crazing. Crazes were observed with The
Uniaxial Tensile Tester for UltraThin (TUTTUT) films’ in situ microscope across the
gauge perpendicular to the axis of stretching for many measured samples with high 𝜙.
Lower 𝜙 value blends may have crazed locally around the failure location, but this location
was not always in the microscope view and therefore, crazes cannot be confirmed for these
blends. The blends with 13.7-kDa diluent only reach a dilution level of 𝜙 = 0.75 before
becoming too brittle to manipulate.
The experimental stress-strain curves in Figure 2.2A resemble the low-strain
regime of those simulated using blends of chains N = 250 and N = 60 or 30 in Figure 2.2B.
At the low-strain regime in the simulation stress-strain curves, there is an initial linear
elastic region followed by a yield stress and post yield stress drop (see Figure 2.2B, inset).
After yielding, we observe different failure mechanisms by varying the degree of dilution
(𝜙). There is a plastic plateau regime, followed by strain softening across most of the blend
systems; we observe a strain hardening regime only for highly entangled systems (𝜙 >
0.50). The regimes exhibited in highly entangled systems are in qualitative agreement with
a prior simulation study of crazing behavior in the bulk.51
In the experimental results, a constant elastic modulus (E), within error, is observed
across all blends (Figure 2.2C). The measured moduli for polystyrene are comparable to
literature values of bulk polystyrene specimens91,92 and experimental values of thin
films.13,14,93 The maximum stress 𝜎𝑀𝑎𝑥 for blends with 𝜙 > 0.80 is also approximately
constant (Figure 2.2D). When 𝜙 < 0.80, the maximum stress decreases as a function of 𝜙
for both blended systems. The decrease observed in the 13.7-kDa diluted blends is higher
than the 59.5-kDa blends.
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Figure 2.2 Stress-strain behavior of polymer blends. (A) Representative uniaxial deformation
stress-strain response for each blend tested experimentally on TUTTUT. 𝜙 represents the volume
fraction of long chains in the system. The top graph is blends with 13.7 kDa as the short chain
diluent and the bottom with 59.5 kDa. (B) Uniaxial deformation stress-strain responses of N = 250
(⟨Z⟩ = 15.9) blended with N = 30 (top) and 60 (bottom) at a temperature of T/Tg = 0.71. ⟨Z⟩ is 1.8
and 3.6 for each short chain, respectively. Low-strain response is included in the inset of each
section. (C) The elastic modulus (E) for each experimentally measured blend. (D) The average
maximum stress for each blend measured experimentally. Error bars are 1 SD of five to nine
averaged films. Open symbols represent blends that were attempted but too brittle to manipulate in
TUTTUT and stretch uniaxially. (E) The elastic modulus for each simulated blend. (F) The
toughness value for each simulated blend.

The maximum stress in polystyrene is controlled by the craze propagation stress
and the molecular weight.38 By blending chains, we are adding more chain ends to the
sample, altering the average molecular length of the system, and continuously diluting our
entanglement network.24,31 However, the maximum stress remains constant for undiluted
and minimally diluted films, even as the addition of short chains is decreasing the total
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number of entanglements in the system. This suggests that not all entanglements bear load
or are necessary to reach the maximum stress during a mechanical test.
The maximum stress begins to decrease after diluting films with more than 20
volume % (vol %) of short chains (𝜙 < 0.80), suggesting that a critical number of
entanglements necessary for achieving maximum strength is no longer present. This result
is consistent with previous craze morphology measurements on polystyrene blends
conducted by Yang et al.,24 who observed that the true stress in craze fibrils remains
constant until a critical value of entanglement density is reached. However, connecting this
craze fibril stress to the macroscopic strength has not been demonstrated previously. The
Mikos and Peppas theory,36 discussed above, should quantitatively describe this
development of strength above a critical number of entanglements, but a direct validation
has yet to be demonstrated.
Compared to the experimental stress-strain curves, the results from simulations,
where non-volume conserving strains were applied, are much more ductile, and the strain
at which films fail is orders of magnitude larger than experimental values. Simulated films
with 𝜙 > 0.50 exhibit strain hardening in strain regimes not achievable experimentally.
These disparities in stress-strain response between experiment and simulation can be
attributed to two main differences. First, there are known finite-size effects in the yielding
and failure of simulated glasses,94 and certainly, the length scale of the simulation box is
small compared to the large size scale of experimental specimens. To check the impact of
size scale, we compared the stress-strain response of different simulation box sizes and
observed a more rapid failure once the strain is above 0.3 in the larger sample (Figure 2.6)
though this failure strain is still much higher than those in experiments. Second, there is a
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large difference in molecular friction between coarse-grained polymer models and real
polymers. In simulations, failure only occurs through chain pullout. Assuming that a
covalent bond should carry approximately 100 times the energy of a van der Waals bond
to break, at no point do we observe any bond energies sufficiently large to merit
consideration of chain scission. While the ratio of 100 is consistent with those expected
from experiments95 and numerous previous simulations,96,97 an additional possible source
of the discrepancy could be the use of such a high ratio in a coarse-grained model.
Experimentally, it is known that both failure modes, chain pullout and scission, play a role
and that mechanically induced failure is highly defect dependent.23,98
While these differences make direct comparisons between simulations and
experiments challenging, we have identified the key parameters that allow quantitative
connections to be made. In the glassy state, the elastic modulus is dictated by local
intersegment interactions, dominated by van der Waals forces in the system studied here.
Accordingly, trends of the elastic moduli as a function of entanglement density, or blend
composition, should be comparable between experiments and simulations (Figure 2.2, C
and E, respectively). We see that both datasets have a constant elastic modulus across all
blends measured. For failure related properties, the key parameters are the maximum stress
for the experiments and the toughness for the simulations (Figure 2.2, D and F,
respectively). The maximum stress is dictated by the onset of local yielding processes
associated with the onset of prefracture mechanisms, such as crazing. Consistent with
classical models of yielding and crazing in polymer glasses, we anticipate that the energy
barrier for this local process should scale with the work to failure, or toughness, measured
𝜀

in the simulations: 𝛤 = ∫0 𝜎=0 𝜎𝑑𝜀 , where 𝜀𝜎=0 denotes the ε at which 𝜎 crosses zero in
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Figure 2.2B. The toughness measured in the simulations reveals a monotonic increase, as
more long chains (N = 250) are incorporated in the films, and blends with N = 30 are less
tough than blends with N = 60 at the same 𝜙 (Figure 2.2F).
2.3.2 Determining how to count entanglements
While the experimental maximum stress and simulated toughness values appear to
scale differently, according to the Mikos and Peppas theory, the failure processes should
scale with entanglement number, not blend volume fraction. Testing the Mikos and Peppas
model with our data, we plotted normalized maximum stress and normalized toughness for
the experiments and simulations, respectively, against the average entanglement number
(⟨Z⟩) in the system (Figure 2.3). To determine ⟨Z⟩ in simulations, we used the Z1 algorithm
to reduce our polymer configurations to the primitive path (PP) network, which is defined
by straightening the polymer chains without allowing them to cross each other. At the end
of the Z1 analysis, we are left with straight lines connecting the chain ends through a series
of “kinks” where the chains bend around neighboring chains. We extract the mean number
of interior kinks per chain to define ⟨Z⟩, which is proportional to the number of
entanglements regardless of the details of the definition used to define an entanglement.99
Compared to the original Kremer-Grest (KG) model,100 the average number of monomers
between entanglements ⟨Ne⟩ is reduced in our systems due to the use of an angular
potential, and more details on this are provided in Materials and Methods. ⟨Z⟩,
experimentally, is calculated using the number average molecular weight of the blend
system, the same average used by Mikos and Peppas, divided by Me.
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Figure 2.3 Data plotted against the Mikos and Peppas model. Normalized experimental maximum
stress, 𝜎Max/𝜎∞ (A), and normalized simulated toughness, 𝛤/𝛤∞ (B), as a function of
entanglements, ⟨Z⟩. Here, ⟨Z⟩ is the Mn obtained from gel permeation chromatography of each
blend divided by the Me of polystyrene (18.1 kDa). For simulations, ⟨Z⟩ is average chain length N
for each blend divided by Ne (16). Maximum stress and toughness are normalized by the maximum
stress of polystyrene chains Mn = 1.928 MDa and the toughness of chains N = 250, respectively.

The maximum stress and toughness of each blend is normalized by the value
measured for a system with an effectively infinite chain length (for experiments, Mn =
1.928 MDa; and for simulations, N = 250) and 𝜙 = 1. Experimental measurements of Mn
= 1.928 MDa are provided in Figure 2.7. The plotted normalized data should collapse onto
a single exponential curve if in agreement with the model (Figure 2.3). In Figure 2.3, it is
evident that the model does not adequately describe the experimental or simulation results.
This finding indicates that the average entanglement number, ⟨Z⟩, does not accurately
determine the failure properties of polymer glasses. To gain a better understanding of why
this may be, we turned to simulations to observe local chain dynamics and determine
differences among the entanglements in blended systems.
Simulations have shown that not all entanglements in a system are load bearing.
For better visual representation, one long chain is selected from one of the blend films, and
the monomers along the chain are color labeled by the average bond stress calculated in
their corresponding PP (Figure 2.4A).101 A PP is the section of chain between the kinks
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that were generated by the Z1 algorithm described above. The first PP is from the end of a
chain to the first entanglement. The second PP is from the first entanglement to the second
entanglement, and this repeats until the center of the chain is reached. A schematic of each
PP can be seen in Figure 2.4B. The distribution of stress is heterogenous throughout the
deformation, where some of the PPs internal to the chain (far from the chain end) carry
more stress as the deformation proceeds. This is quantified in Figure 2.4B, where the stress
contribution from the PPs at different distances from the chain end shows that ends support
much less load, on average, than the other sections further away from the ends. In addition,
the average bond stress as a function of strain based on the monomer index for two
individual blend systems is provided in Figure 2.8. These data support the earlier claim that
not all entanglements in the entanglement network bear load. While the strains here are
much larger than those seen experimentally, the increased bond stress toward the center of
the chain supports the idea that stress on those entanglements is more likely to lead to chain
scission at high strains in an experimental system, where molecular friction is higher. This
finding supports the assumption of Mikos and Peppas, who did not include the chain end
segments in determining the number of entanglements. However, as shown by the inability
to describe both experimental and simulation results by their original theory (Figure 2.3),
a more complete counting of load-bearing entanglements is required.

25

Figure 2.4 Force distribution on entanglements. (A) Simulation snapshots at various levels of strain.
A single chain, highlighted in red in the top row, is shown in the row below at each of the indicated
strains. The single chains are colored to show varying levels of average bond stress on each
primitive path (PP) along the chain. (B) The average bond stress as a function of strain on each PP
in a blend of N = 250 and 30 at  = 0.50. The schematic next to the graph outlines where each
mentioned PP is located. PPs are color coded to match the plotted points. Entanglements occur at
each orange dot. Hollow orange dots represent non–load-bearing entanglements at the end of
chains. (C and D) Solid symbols represent calculations that consider all entanglements in the blend
systems, and hollow symbols only consider load-bearing entanglements. (C) The density of
entanglements, , in each simulated system as a function of dilution, calculated as the total number
of entanglements divided by the system volume. Note that there is a solid blue star at point (0,0).
(D) The average number of entanglements per chain, ⟨Z⟩, as a function of dilution. The dashed line
corresponds to N= 60, and the dotted line corresponds to N= 30 as the diluent chain.

When the total entanglement density (ρ) is calculated in simulations for varying
dilution levels, blends with diluents where N ≥ Ne show that ρ remains constant, as seen in
Figure 2.4C. Here, ρ is calculated by dividing the total number of entanglements in the
system by the volume. Removing the entanglements where either partner chain in the
entanglement involves the first and second PPs shows that the “load-bearing entanglement
density” decreases approximately linearly as a function of 𝜙 (hollow symbols in Figure
2.4C). This trend in entanglement density is consistent with the previous empirical scaling
that suggested the chain length between entanglements, Ne, increases for blends between
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long, entangled chains and short, unentangled chains: 𝑁𝑒 (𝜙) =

𝑁𝑒 (𝜙=1) 26,102
.
However, this
𝜙

proposed scaling does not capture the full trend, as the rate of increase between loadbearing entanglements and blend volume fraction depends on the length of the short-chain
components (Figure 2.4C).
To more precisely account for changes in load-bearing entanglements as the length
of the short-chain component increases, we consider the average number of entanglements
per chain in Figure 2.4D. When all entanglements (load bearing and non–load bearing) are
considered, the average number of entanglements per chain ⟨Z⟩ exhibits a linear
relationship with 𝜙. When we exclude the entanglement between the first and second PP
and entanglements in the center of one chain whose partner is a chain end (⟨Zeff⟩), a
nonlinear relationship between ⟨Zeff⟩ and 𝜙 emerges. This dependence can be described
by a mean field model that assumes that the chains are homogenously mixed and that the
PPs near the chain ends do not contribute as load-bearing entanglements. The model is
given
𝑍𝑙 −2

𝑍𝑠 −2

𝑍𝑙

𝑍𝑠

< 𝑍𝑒𝑓𝑓 > = [𝜙(𝑍𝑙 − 2) + (1 − 𝜙)(𝑍𝑠 − 2)] × [𝜙 (

) + (1 − 𝜙) (

)] (1)

where Z represents the number of entanglements per chain, and s and l correspond to short
and long chains, respectively. The first bracketed part of the equation is a volume fraction
weighted average of the mechanically effective number of entanglements per chains, and
the second bracketed term represents the probability that those entanglements are formed
with another mechanically effective entanglement. This second term was not considered in
the development of the Mikos and Peppas theory, and we show that it accounts for the
nonlinear coupling that is critical for properly determining entanglements that contribute
to strength and toughness in polydisperse materials. For diluents too short to form
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entanglements, we treat the Zs as 2 so that the load-bearing possibility is neglected. As
indicated by the dashed lines (one is for diluents of N = 60 and one is for N = 30) in Figure
2.4D, the mean-field model agrees very well with the number of effective entanglements
per chain measured in simulations in the different blend systems. This model can be
successfully applied to both experiments and simulations to study the relationship between
entanglements and maximum stress or toughness, as shown in the next section. The
experimental Mn values were measured for each blend using gel permeation
chromatography (Tables 2.1 and 2.2). For simulations, the average chain length was
calculated for each simulated 𝜙. The values used for chain length between entanglements
are Me ≈ 18.1 kDa for experiments36 and Ne ≈ 16 for simulations.103
2.3.3 Load-bearing entanglements only
Using the learned dependence of dilution on the entanglement network, we replot
our experimental and simulated data and compare to a modified Mikos and Peppas model
where we introduce two changes. First, we only account for entanglements that are load
bearing, so ⟨Z⟩⟶⟨Zeff⟩, and second, we allow for a nonzero strength (𝜎0) and toughness
(𝛤0) for systems without load-bearing entanglements (𝜙 = 0). The modified model is

𝜎𝑀𝑎𝑥
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for the strength and toughness, respectively. The entire equation is normalized by
maximum strength (𝜎∞) and toughness (𝛤∞) of an infinitely long chain. Figure 2.5 shows
both normalized experimental (solid symbols) and simulation (open symbols) data plotted
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as a function of only the load-bearing entanglements (⟨Zeff⟩/2). We observe that the data
from both experiment and simulation overlap and show good agreement with the modified
model, Eqs. 2 and 3, which are plotted as a solid and dotted line for the experiment and
simulation, respectively. There are no fitting parameters in this comparison between the
model and the data, only measured values averaged for multiple runs. The value for 𝜎0 is
the maximum stress of 59.5-kDa polystyrene (𝜙 = 0), and 𝛤0 is measured for chains of N
= 10 (𝜙 = 0). The shaded regions represent 1 SD of the values used for 𝜎0, 𝛤0, 𝜎∞, and 𝛤∞
for each line. These results show that on a molecular level, both experiment and simulation
scale in the same manner when considering the load-bearing fraction of entanglements in
the system. The data also show a quantitative link between maximum stress and toughness
when comparing experiment and simulation in thin glassy polymer films.

Figure 2.5 Strength and toughness of materials as a function of load-bearing entanglements.
Normalization is carried out by the undiluted maximum stress of polystyrene at Mn = 1.928 MDa
and the undiluted toughness of N= 250 for the experimental and simulation results, respectively.
Experimental data are represented by solid symbols, and simulation data are represented by hollow
symbols. The lines represent the modified Mikos and Peppas model calculated for both the
experiment (solid line) and simulation (dashed line) including only load-bearing entanglements.
Each shaded region represents 1 SD of error in each line. The schematic on the right shows a system
of entanglements with long chains (dark blue) and short chains (light blue). Solid orange dots
represent load-bearing entanglements. Orange hollow dots represent entanglements that cannot
bear load because they contain a first PP. Green hollow dots represent non–load-bearing
entanglements that are made with a short species of chain. Ends of long chains are highlighted in
red.
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2.4 Discussion
This work uses a combination of experiment and simulations to demonstrate the
importance of considering load-bearing entanglements in the toughness of materials. By
systematically tuning the entanglement density using bidisperse and chemically identical
blends, tensile tests of polystyrene exhibit a decrease in maximum stress as a short-chain
diluent is added, while MD simulations show a decrease in the toughness with added
diluent. The microscopic analysis enabled by the simulations shows that entanglements
between the first and second PP are unable to carry substantial stress at large deformation,
and this leads to the development of a model to describe the number of effective, or loadbearing, entanglements as a function of the blend ratio. We find an exponential scaling
between the film toughness in our simulations and the maximum stress in experiments
when compared to the number of effective entanglements per chain. These findings match
well with the model, which builds upon physics introduced by Mikos and Peppas, and now
accounts for the load-bearing fraction of entanglements in polydisperse systems based on
our results by accounting for chain ends in both chains involved in the formation of a
potential entanglement. Our combination of experiments and simulations provides
enhanced understanding of polymer failure on multiple length scales and provides a
framework for tuning mechanical properties based on molecular makeup. In addition to the
fundamental insights into the origin of toughness in polymer glasses, our results will also
have practical implications for numerous technologies, most notably, in additive
manufacturing, where droplets of polymer are deposited in sequence to build a threedimensional structure, and the mechanical integrity of the structure depends on the
formation of a tough interface between the two layers. Our results suggest that chains will
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need to diffuse multiple tube diameters to provide bulk-like mechanical support, although
more detailed study of the consequences of our observations during interfacial healing
would be necessary.
There are numerous differences between the simulations and experiments that
remain to be addressed. While Mikos and Peppas36 speculate in their work that their model
should apply equally well to strength and toughness, a more concrete and theoretical
connection between these mechanical properties is lacking. The ultimate failure mode may
also be different in the simulations and experiments. While the presumed failure mode in
the experiments is primarily through chain scission, the polymer chains in the simulations
never experience a stress comparable to that expected to break a covalent bond. Whether
this distinction is due to the rapid quenching used in the simulations or to the coarse-grained
model with its reduced friction remains unclear. Tests of our simulation model using
breakable bonds104 observed no bond scission, and the maximum energy of any bond
during our simulations was observed to be approximately 60 times the Lennard-Jones (LJ)
bond strength, which is less than the energy needed to break a covalent bond. It may be
that the ratio expected in coarse-grained models should be reduced and that will lead to a
similar failure mode in simulations and experiments, but this remains an outstanding
question. Last, it is known that failure in polymer glasses can be seeded near defects and
contaminants that are necessarily present in experiments performed outside of a cleanroom.
While the simulations are “clean,” the small length scales of the simulated samples may
also lead to differences in the failure mode.94

31

2.5 Materials and Methods
2.5.1 Materials
Polystyrene with an Mn of 150.9 kDa [weight-average molecular weight (Mw) =
157.2 kDa and polydispersity index (PDI) = 1.04] was obtained from Scientific Polymer
Products Inc. The two short-chain species are polystyrene Mn = 59.5 kDa (Mw = 70.7 kDa,
PDI = 1.19; Scientific Polymer Products Inc.) and monohydroxy-terminated polystyrene
Mn = 13.7 kDa (Mw = 14.2 kDa, PDI = 1.04; Polymer Source). The invariant degree of
̃ is ~68.4, 43, and 20.6 for Mn = 150.9, 59.5, and 13.7 kDa, respectively.
polymerization √𝑁
Each of the above polymers’ glass transition temperature was measured with differential
scanning calorimetry. Gel permeation chromatography was used to verify the molecular
weight of each polymer above and each tested blend (both in the Supplementary Materials).
Polystyrene of Mn = 1.928 MDa (Mw = 2.257 MDa and PDI = 1.17) was purchased from
Scientific Polymer Products Inc. All materials were used as received.
2.5.2 Sample Preparation
Blend samples of 100 nm thickness were prepared by spin coating [3000
revolutions per minute (rpm)] 2.5 vol % polystyrene in toluene solutions onto freshly
cleaved mica substrates. Films were then vacuum annealed in a 170°C oven for 25 min and
cooled to room temperature at 0.4°C per min. Polystyrene films of 1.928 MDa required
spin coating at 4000 rpm from a 1.5 vol % polystyrene in toluene solution to achieve the
same thickness as the blended samples and were annealed for 24 hours at 170°C under
vacuum. After annealing, a dog-bone shape was cut into the film using a laser (laser
wavelength: 10.6 m, infrared; Universal Laser Systems ULS3.50) at 3% power, 40%
speed, and 706 points per inch.
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2.5.3 TUTTUT Experiments
Samples were floated off into TUTTUT’s reverse osmosis water bath for uniaxial
testing. They were subject to a strain rate of 0.0077 s−1. Between five and nine samples for
each blend were measured. Film thickness was measured by ellipsometry (refractive index
= 1.59) in eight locations and averaged. Further details about the TUTTUT instrument can
be found in previous work.13,16 In a previous study, measurements of freestanding films of
polystyrene have been compared to those of water-supported films using the same
instrument that we used in this current study. The only difference observed was that water
acts as a craze stabilizer, enhancing the breaking strain slightly.14 Accordingly, we do not
anticipate a water effect on the comparisons and conclusions made in the current study.
2.5.4 Simulation Design
Our MD simulations used a modified version of the coarse-grained bead-spring KG
model,100 where nonbonded monomers interact through the LJ potential
(𝑈𝑖𝑗 )

𝑛𝑏

𝜎 12

= 4𝜀 [( 𝑟 )

𝜎 6

12

𝜎

− ( 𝑟 ) ] − 4𝜀 [(𝑟 )
𝑐𝑢𝑡

𝜎

6

− (𝑟 ) ]
𝑐𝑢𝑡

(4)

for r ≤ rcut = 2.5. All the units were made dimensionless using the potential strength, ;
1

the monomer size, ; and the unit time, 𝜏 =

𝑚 2
𝜎 (𝜀) ,

where 𝑚 is the monomer mass. The

bonded interactions connecting two successive monomers were governed by a finitely
extensible nonlinear elastic potential with 𝑘 =

30𝜀
𝜎2

and R0 = 1.5. This bond type does not

allow bond breaking during the uniaxial deformation process. We additionally added an
angular harmonic potential of the form 𝑈𝑎𝑛𝑔 =

𝐾𝜃
2

(𝜃 − 𝜃0 )2 where K𝜃 = 10/radian2 is

the strength of this interaction and 0 = 120 is the equilibrium bond angle.103 The angular
potential, which is not in the original KG model, was introduced to increase the average
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number of entanglements per chain without having very long–polymer chain lengths, and
the resulting average number of monomers between the entanglements is ⟨Ne⟩ ≈ 16. The
number of monomers per chain in our simulations were N = 10, 30, 60, or 250, with N/Ne
approximately equal to 0, 1.8, 3.75, and 15.9, respectively. Binary polymer blends were
constructed by incorporating short chains N = 10, 30, or 60, which are treated as diluents,
into long-chain N = 250 systems at thickness H = 20. The invariant degree of
̅ is ~44.7, 18.9, 13, and 7.2 for N = 250, 60, 30, and 10, respectively.
polymerization √𝑁
The simulation box size was 70 × 70 × H, with a density of the system ~0.85/−3 in the
melted state. The freestanding films were generated by random growth of polymers in the
simulation box with walls on the top and bottom, and soft potentials were applied to push
the overlapped monomers away from each other. Next, the walls were removed to create
freestanding films along the z direction, which was normal to the film. We note that our N
= 250 chains have an equilibrium end-to-end distance of approximately 23.6, so we only
expect minimal changes to the chain conformations due to confinement.44,105 In addition,
the calculated elastic modulus, E, from the stress-strain curve is in reduced units from our
simulations. It has the units of /3, where  and  are the LJ parameters of a polymer
monomer. To convert to real units, we chose our length scale to be  ≈ 1 nm, and the energy
scale is taken from the glass transition 𝜀 = 𝑘𝐵 𝑇𝑔,𝑒𝑥𝑝𝑡 /𝑇𝑔,𝑠𝑖𝑚 . Using our simulated Tg ≈ 0.6
and Tg,expt = 400 K to correspond to a very high cooling rate, our dimensionless Young’s
modulus of Ey ≈ 30 corresponds to approximately 0.3 GPa in laboratory units, which is in
reasonable agreement with the expected magnitude of gigapascal moduli.
To accelerate the equilibration of the freestanding thin film systems, connectivityaltering Monte Carlo moves were applied in the simulations.106–108 The equilibration
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proceeded with a time step of ∆t = 0.002 until we observed diffusive behavior of the center
of mass mean squared displacement (MSD), and the MSD was calculated with a moving
time origin to improve the statistics. Three independent configurations of the films for each
system were generated at high temperatures, and we then cooled those polymer films from
𝑇

𝑇

𝑔

𝑔

𝑇 = 1.0 (𝑇 = 1.67) to 𝑇 = 0.4 (𝑇 = 0.67) at a cooling rate of ∆T/∆t = 0.1 per 2000 to
generate our glassy polymer thin films. Subsequently, we deformed each film under a
˙

constant temperature at a constant true rate 𝜀 = 1 × 10−4 by applying uniaxial tension in
the x direction. All the simulations were performed with Large-scale Atomic/Molecular
Massively Parallel Simulator MD simulation package with the Velocity Verlet algorithm
and a Nosé-Hoover thermostat.109 Canonical ensemble (NVT) ensemble with periodic
directions x and y was used for all the processes. We note that the nonperiodic direction
(z) is free to exhibit fluctuations in thickness and contract during deformation, and hence
the sample behaves as though it is held at a constant pressure of 0 in the z direction.

2.6 Additional Information
This section contains all information found in the supporting information at DOI:
10.1126/sciadv.abg9763.
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Figure 2.6. Stress-strain response with different simulation box size. Stress-strain curves are
achieved from homopolymer systems N = 30 and H = 10 with different box sizes to demonstrate
the finite size effect. 1x is the original simulation box in the manuscript and 4x is 4 times larger
than the original system along the pulling direction.

Figure 2.7 1.928 MDa stress-strain response. The maximum stress of these measurements was used
as the 𝜎∞ value for normalizing the experimental data in Figure 3 and 5.
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Figure 2.8 Bond stress on each monomer. Average bond stress as a function of strain based on the
monomer index for two individual blend systems (A) N = 250 and (B) N = 30 at 𝜙 = 0.50, and (C)
N = 250 and (D) N = 60 at 𝜙 = 0.50. The monomer index is labeled by the position along the chains
starting from the nearest chain end (0 is the chain end monomer). In each system, a separate
presentation for two molecular lengths is provided. The black line in each figure is roughly
corresponding to the position of the end entanglement.

Figure 2.9 Differential scanning calorimetry of polystyrene. Differential scanning calorimetry
curves from the 4th cycle of each run for each polymer used in the blends.
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Each polymer was measured as received. Four cycles were conducted
ramping/cooling at 5°C/min from 25-200°C. The glass transition temperature was obtained
from the 4th cycle and was computed using the temperature range seen in Figure 2.9.

Figure 2.10 13.7 kDa blends stress-strain response. Blends are distinguished in the legend as long
chain volume fraction:short chain volume fraction followed by average film thickness. The short
chain is the 13.7 kDa polystyrene.
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Figure 2.11 59.5 kDa blends stress-strain response. Blends are distinguished in the legend as long
chain volume fraction:short chain volume fraction followed by average film thickness. The short
chain is the 59.5 kDa polystyrene.

The slope between each point along each stress-strain curve from 0 MPa to 90% of
the maximum stress was calculated. These values were averaged to obtain the elastic
modulus for each film measured. The modulus value for each film of a given dilution level
was averaged and these values are reported as the mean modulus in Figure 2.2.

Figure 2.12 Distribution of average bond stress. Distributions of bond stress are summarized based
on average bond stress in each primitive path at two individual strains from the blend of N = 250
and N = 30 at 𝜙 = 0.50.
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Figure 2.13 Bond properties during deformation. (A) Bond length distribution in the log scale
during the deformation for homopolymer systems N = 250 and H = 20. (B) Bond energy distribution
in the log scale.

Samples were run in dimethylformamide.
Table 2.1. Molecular weight data for 13.7 kDa blends. Molecular weights and dispersity measured
by GPC for each sample with 13.7 kDa as the short chain.

𝜙
1.00
0.90
0.85
0.80
0.75
0.00

Mn (Da)
150,918
69,480
58,990
48,350
39,124
13,660

Mw (Da)
157,214
149,035
144,773
136,117
127,170
14,175

PDI
1.04
2.15
2.45
2.82
3.25
1.04

Table 2.2. Molecular weight data for 59.5 kDa blends. Molecular weights and dispersity measured
by GPC for each sample with 59.5 kDa as the short chain.

𝜙
0.90
0.75
0.50
0.25
0.00

Mn (Da)
128,134
108,957
91,787
73,927
59,519

Mw (Da)
152,772
141,636
118,457
94,581
70,705

PDI
1.19
1.30
1.29
1.28
1.19
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Chapter 3
EFFECT OF BLOCK COPOLYMER MORPHOLOGY ON
MECHANICAL RESPONSE
3.1 Introduction
Block copolymers are known to phase-separate into various morphologies. This
separation is a balance between decreasing the surface area between unlike components
and increasing the entropy of the chains.52,110 In order for chains to migrate they require
heat, mechanical force, or an electric field to self-assemble into phase-separated
morphologies. The most energetically favorable morphology depends on many factors
including the length of the chain, the interaction of the blocks, and the volume fraction of
the chain components.111 This multitude of factors makes decoupling the morphology and
its effects on mechanical response difficult. To reduce these factors, this study is interested
in the effect of morphology on the mechanical response of a block copolymer system where
the volume fraction of each block and total chain length remains constant.
Typically, self-assembly of block copolymers at bulk thicknesses requires long
timescales and high temperatures to achieve well-ordered phases. In a thin film geometry,
solvent vapor annealing at low temperatures for shorter times can be used to adjust or
change the morphology. Multiple morphologies can be attained without changing the chain
composition and without heating the sample above the glass transition temperature by
using different solvents.112–119 The interaction of the polymer and solvent determines the
extent of swelling and the morphology.
Combining two materials into a polymer chain creates a system with tunable
strength and failure mechanisms. This combination sometimes results in a hybrid of the
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components’ properties and other times produces new unexpected behaviors.120–122 In
ultrathin films, where the morphology can be easily manipulated and controlled, there is a
wide potential of mechanical responses that a specific polymer system can provide.
However, recent measurements of block copolymer thin films do not focus on the effects
of morphology.17,18 With our unique group-built uniaxial tensile testers, we have the ability
to provide insight on the relationship between morphology and mechanical response in the
ultrathin film state without changing the block volume fraction.
Combining our unique instrumentation and the advantages of solvent vapor
annealing to manipulate morphology in the thin films state, this work examines the effect
of morphology on the mechanical response of truly freestanding ~70 nm films using the
uniaxial extension technique, TUFF (Tensile tester for Ultrathin Freestanding Films).14 Our
study examines the block copolymer PS-b-P2VP, a model block copolymer in which both
components possess similar glass transition temperatures123, elastic moduli95,124, and
molecular weights between entanglements (Me).33,35,95,124,125 The chosen PS-b-P2VP
material remains at one constant volume fraction and the morphology is manipulated
through solvent vapor annealing (Figure 3.1). We examine the mechanical response of two
distinct morphologies and compare these results to the homopolymer counterparts, the
changes in chain entanglements, and processing techniques.
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Figure 3.1 A PS-b-P2VP material with nearly equal block lengths is prepared into thin films for
uniaxial tensile testing. The morphology is manipulated through solvent vapor annealing while
keeping the segmental volume fraction fixed.

3.2 Results and Discussion
3.2.1 Obtaining two morphologies
To determine the effect of morphology on mechanical response, two distinct
morphologies were formed. The first morphology was produced by spin coating thin films
from toluene (Figure 3.2A). In toluene, PS-b-P2VP forms micelles with a P2VP core and
PS outer shell as toluene is a preferential solvent for PS.126,127 Previous studies utilizing
grazing incidence small angle x-ray scattering (GISAXS) show that the resulting
morphology of the thin film is imperfect cylinders.126,127 Atomic force micrographs of the
free surface of the films can be seen in Figure 3.2 B&C. Films were then subjected to
chloroform vapor, a non-preferential solvent, for three hours in a closed chamber placed in
a 27°C oven. This nonselective solvent swelled both the PS and the P2VP blocks equally
producing lamellae perpendicular to the substrate surface (Figure 3.2D). 113 This altered
morphology was imaged using AFM (Figure 3.2 E&F). To determine whether the
morphology was consistent throughout the thickness of the films, the films were floated
off their substrate and flipped onto cover glass to image the surface that was in contact with
the substrate (Figure 3.2 C&F).
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Figure 3.2 The two measured morphologies. (A) Schematic of the imperfect cylindrical
morphology. AFM phase images of the (B) free surface of the as-cast film and the (C) underside
that was in contact with the substrate surface. (D) A schematic of the lamellar morphology as a
result of solvent vapor annealing. AFM phase images of (E) free surface and (F) substrate surface
of the film. Scale bars are 400 nm.

The as-cast films show a more-ordered cylindrical morphology at the substrate
surface in comparison to the free surface. The solvent vapor annealed films show ordered
lamellae on the free surface and a less ordered morphology at the substrate surface. Some
regions of the polymer/mica interface appear to have a mix of lamellae and a cylindricallike morphology. During the transition from imperfect cylinders to lamellae, the
morphology evolves through a more ordered hexagonally packed cylindrical state before
cylinders join to form lamellae (Figure 3.3). The mixed morphology on the film’s substrate
surface indicates that the films would require longer annealing times to completely
transition to a full lamellar morphology.128 However, annealing films of this thickness for
long times can result in the morphology becoming disordered again and potentially
dewetting from the substrate.113 Therefore, we chose to solvent vapor anneal all films for
three hours in order to create distinct morphologies compared to as-cast films while
minimizing other effects.
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Figure 3.3 Morphology of the free surface as a function of annealing time in chloroform vapor.
AFM micrograph are phase images. Scale bars are 400 nm.

To quantify the domain size in our morphologies, the phase images from AFM were
processed into 2D fast Fourier transform (FFT) plots. A radial average of the 2D FFT was
calculated, and the peaks of this curve correspond to the most abundant domain size seen
throughout the morphology.129 The full image sets, 2D FFTs, and radial averages can be
seen at the end of this chapter (Figure 3.11-3.14). Figure 3.4 shows the radial averages
converted to real space for both sides of an as-cast film (Figure 3.4 A&B) and for a
chloroform annealed film (Figure 3.4 C&D). The average domain size for the as-cast film
at the free surface is quite broad compared to the distinct peak at the substrate surface, but
a shoulder around 100 nm is visible in Figure 3.4A. This is in accordance with the
irregularity in the morphology observed. The average domain spacing for the as-cast films
at the substrate surface is 104 ± 5 nm. For the chloroform annealed films, a domain size of
104 ± 8 nm and 104 ± 10 nm is calculated for the free surface and substrate surface
respectively. Although the morphology transitions from imperfect cylinders to lamellae,
the domain size of the PS-b-P2VP microstructures is approximately consistent at the
molecular weight studied.
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Figure 3.4 Domain spacing of the two morphologies obtained from radial averaging of 2D FFTs of
the AFM micrographs. (A) Free surface of the as-cast films. (B) Substrate surface of the as-cast
films. (C) Free surface of the chloroform annealed films. (D) Substrate surface of the chloroform
annealed films. Numbers in legends correspond to different regions on the same sample.

3.2.2 Uniaxial Extension of Ultrathin Freestanding Films
To obtain the mechanical properties, the thin films were stretched in uniaxial
extension using the TUFF technique.14 In a freestanding state, the moduli calculated for
both morphologies from the stress-strain curves from 0.5-1.0% strain are not statistically
different (2 sample t-test). The lamellar morphology has a higher maximum stress than the
as-cast films (Figure 3.5). One reason for this could be a higher amount of residual stress
from spin coating within the as-cast, cylindrical morphology. However, both types of block
copolymer films have moduli and failure stresses larger than observed in the corresponding
homopolymer systems. Bulk PS samples typically have a modulus ranging 2.4-3.2
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GPa95,124 and P2VP has been reported to have an elastic modulus around 3.5 GPa.95 While
our measured values are closer to that of P2VP reported in the literature, to our knowledge,
modulus values for P2VP are not widely reported. The measurement we cite here is for
bulk (0.5 mm) P2VP in 3-point bend. For this reason, we wish to compare our block
copolymer measurements with our own measurements of PS and P2VP and other ultrathin
film measurements in uniaxial extension.

Figure 3.5 Stress-strain response of freestanding PS-b-P2VP films. (A) As-cast films with
imperfect cylinder morphology. (B) Films annealed under chloroform vapor for 3 hours with
lamellae perpendicular to the substrate.
Table 3.1 Mechanical properties of the block copolymers and their components.

PS

E [GPa]
σMax [MPa]

P2VP

2.8 ± 0.316 1.4 ± 0.5
41.4 ± 4.416
-

PS-b-P2VP
(as-cast,
imperfect
cylinders)
265 kDa
3.8 ± 0.8
50 ± 12

PS-b-P2VP
(chloroform
annealed,
lamellae)
265 kDa
4.6 ± 0.5
76 ± 6

Our TUFF instrument has been previously used to measure ultrathin PS films and
a modulus of 2.8 ± 0.3 GPa is reported.14 These values agree with measurements reported
by Galuska et al. using their own freestanding measurement technique, SMART.20 To the
best of our knowledge, homopolymer P2VP has not been measured as a freestanding thin
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film. Our attempts to measure these films were unsuccessful due to the rapid swelling of
P2VP on liquid surfaces. Sample preparation for the TUFF method requires that films are
floated onto a liquid bath before being lifted onto a frame into the freestanding state.
Different bath liquids were tried to eliminate the swelling of P2VP and are outlined in
Table 3.2. We hypothesize that the water is acting as a plasticizer and drastically softening
the P2VP as water molecules electrostatically interact with the nitrogen in the polymer.
Neutron scattering studies looking at PS-b-P2VP in contact with D2O show that the
reflectivity profile is altered in contact with D2O, possibly alluding to the swelling that
occurs, and returning to its original ordered scattering profile after drying.130 More research
into this interaction and its effect on the mechanical response is discussed in Chapter 4.
Table 3.2 Liquids used as floating bath for 100 nm P2VP thin films.

Bath Liquid

Will it float
substrate?

off

the Can it be freestanding?

RO Water

Yes

Yes – holes form when
drying

1M NaCl

Yes

Yes – holes form when
drying

pH 8 buffer solution

Yes

-

pH 10 buffer

Yes

-

Toluene

No

-

Glycerol

No

-

3.2.3 Bulk P2VP measurements
Films of 1.8-2.8 µm in thickness of P2VP swelled significantly less on a water
surface compared to the thinner 80 nm films that were attempted. The reduced swelling
allowed us to float the films on water and lift them into a freestanding state on the metal
washers used for TUFF. Micron thickness films, however, are too stiff to be measured with
the current TUFF set up. To measure these samples, freestanding P2VP films were cut out
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of the TUFF frames and placed in a Texture Analyzer. Clamping the films in the Texture
Analyzer was also challenging. To prevent slipping, double-sided tape was used to secure
the films to the clamps. While this prevented the films from slipping, it did not ensure a
perfectly vertically aligned film. A wide range of stress-strain curves was obtained, as seen
in Figure 3.6. The modulus was calculated from 50-100% of the maximum stress
corresponding to the top of the initial elastically deformed region. This maximum stress
for this calculation is labelled in the figure for each curve.

Figure 3.6 Stress-strain curves for bulk (micron) thickness P2VP measured using the texture
analyzer. Arrows denote the maximum stress used for calculating elastic modulus. The slope was
calculated from 50-100% of the stress denoted by the arrows for each curve.

The average modulus of the curves is 1.4 ± 0.5 GPa. This value is significantly
lower than the 3.5 GPa reported by Creton et al. for bulk (millimeter) P2VP 95 and the 2.8
± 0.3 GPa measured for PS on TUFF. 14 Based on the literature and experimental results, it
is still difficult to understand how our block copolymer has such a high elastic modulus
based on its components. If the high modulus measured for our PS-b-P2VP samples is a
material property, it should be independent of molecular weight in the glassy state if the
molecular weight is above the Me and thickness remains constant.
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3.2.4 Varying the molecular weight of PS-b-P2VP
To verify the modulus of PS-b-P2VP measured on the TUFF instrument, we
measured a smaller molecular weight PS-b-P2VP looking specifically at films with a
lamellar morphology obtained through chloroform annealing. The chain composition,
sample morphology, strain rate of extension, and test temperature are kept constant
between samples. The 114 kDa PS-b-P2VP (57-b-57 kDa) only required 1.5 hours of
solvent vapor annealing in chloroform to achieve a lamellar morphology compared to the
3 hours for the 265 kDa. The effect of annealing time can be seen in Figure 3.7 on two
different substrates. Chain mobility appears to be higher on the mica surface. At 2 hours of
chloroform annealing on the mica substrate, we begin to see areas of what we believe is
disordering occurring from annealing for too long. At 3 hours, there is no visible lamellae
remaining. This can also be seen on the silicon wafer substrate but at later times. Solvent
annealing thin films with a high vapor pressure solvent, like chloroform, requires special
care to prevent dewetting.113
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Figure 3.7 Morphology as a function of annealing time for 114 kDa PS-b-P2VP. Both mica and
silicon wafers were used as substrates. AFM micrographs are phase images of the free surface.
Scale bars are 200 nm.

Figure 3.8 Stress-strain response of two molecular weights of PS-b-P2VP. (A) 114 kDa (B) 265
kDa. Insets are AFM phase images of the surface of the films on mica substrates after solvent vapor
annealing. Scale bars are 400 nm.

Based on our TUFF measurements, the mechanical properties are independent of
molecular weight. Figure 3.8 shows the complete stress-strain response for the two
molecular weights. The elastic modulus is 4.2 ± 0.3 GPa and 4.6 ± 0.5 GPa for 114 kDa
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and 265 kDa, respectively. The maximum stress for each is 72 ± 8 MPa and 76 ± 6 MPa,
respectively. Therefore, the high elastic modulus is a material property of this specific PSb-P2VP where each block is 50% of the chain and there is a lamellar morphology.
However, we did not examine the effect of molecular weight on varying the morphology
and looked to chain arrangement in the different morphologies to examine the differences
in maximum stress of our 265 kDa chains.
3.2.5 Chain conformation within the two morphologies
While the morphologies measured in this study are not perfectly aligned, we can
gain some understanding by analyzing the geometries of “perfectly aligned” morphologies.
Pictured in Figure 3.9 is a lamellar and hexagonally packed 2D representation of phase
separation in block copolymers. These two depictions have equal areas, to conserve mass,
with each component (represented by contrasting colors) covering 50% of the total area. A
constant domain spacing of 100 nm, based on our radial averaging of AFM images, is also
maintained. With this areal and domain spacing criteria, each block in the lamellae takes
up 50% of the domain size. Hexagonally packed cylinders split the domain 74/26 with the
cylinder material taking up the majority of the domain space. In the case of our block
copolymer, where blocks are of equal lengths, chains take on a nonequilibrium structure in
the dry state that results in residual stresses built up from asymmetric swelling and rapid
drying.127
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Figure 3.9 A schematic of the two morphologies of interest with representative chains depicted.
The total area of these two morphologies is constant, with each block allotted 50% of the area and
maintaining a 100 nm domain spacing. Purple represents the polystyrene block and green represents
the poly(2-vinylpyridine).

Within these morphologies, the borders between blocks, or interface between PS
(purple) and P2VP (green), are also not the same. Switching from a cylindrical to a lamellar
morphology results in an ~11% increase in the interface (lamellar interface > cylindrical
interface). If the number of entanglements is higher at the interface as seen in
simulations,47,48 this implies that there are more entanglements in the lamellar morphology
than the cylindrical morphology due to the larger interface. In the case of the cylinders,
where the chain needs to stretch or compress to fit the allotted space of the morphology,
entanglements are likely to form towards the center of P2VP cylinders, where all of the
stretched chains meet. However, based on previous work, we know that entanglements at
the end of chains bear little-to-no load during extension.131 Overall, this forced cylindrical
morphology most likely has less load-bearing entanglements than lamellae and residual
stress from fabrication, accounting for the lower maximum stress observed in the as-cast
films measured in this study.
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3.3 Experimental Methods
3.3.1 Materials
Poly(styrene-b-2-vinylpyridine) (number average molecular weight (Mn) = 265
kDa, PS block 133 kDa and P2VP block 132 kDa, Polydispersity index = 1.15) was
purchased from Polymer Source, Inc. A shorter molecular weight Mn = 114 kDa (PS block
57 kDa, P2VP block 57 kDa, PDI = 1.05) was also purchased from Polymer Source, Inc.
Toluene and chloroform were purchased from Sigma-Aldrich and used as received. Poly(2vinylpyridine) with Mn = 152 kDa (weight average molecular weight (Mw) = 159 kDa) was
purchased from Sigma Aldrich. Ethyl alcohol 200 proof from Pharmco-Aaper was used as
received.
3.3.2 Sample Preparation
Dilute solutions of 2 wt % PS-b-P2VP in toluene were filtered through 0.2 µm
polytetrafluoroethylene filters and spin coated onto freshly cleaved mica substrates at 3000
rpm for 30 seconds producing ~70 nm films. Samples were placed under vacuum for 24
hours at 25 °C to remove any residual toluene. “As cast” films were measured after these
steps. Solvent vapor annealed films were subject to 1.5 hours (114 kDa) or 3 hours (265
kDa) in a chloroform vapor environment in a 27 °C oven. The annealing camber consisted
of a 150 x 75 KIMAX® dish, a 15 cm diameter PYREX® cover, two 20 ml scintillation
vials with chloroform, and parafilm to seal the connection between the glass dish and petri
dish as seen in Figure 3.10. Solutions of ~13.2 wt% P2VP in ethanol were spin coated at
1000 rpm for 30 sec producing ~2 µm films. These samples were also placed under vacuum
for 24 hours.
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Figure 3.10 Solvent vapor annealing chamber. Samples are placed on a leveled cover glass slip at
the center of the glass petri dish. Scintillation vials (20 mL) are placed on either side of the samples.
Vials are uncapped, a large glass dish is placed on top, and the chamber is sealed with parafilm.
The closed chamber is placed in a 27 °C oven for the duration of solvent vapor annealing.

3.3.3 Uniaxial Extension
To manipulate the films into the freestanding state, films are cut with a scalpel on
mica into 2 rectangles and floated off mica substrates into a reverse osmosis water bath.
The larger section of the film is lifted on to a metal washer frame and the smaller onto a
glass slide to be used for thickness measurements. A detailed version of this process has
been previously reported.16 Thickness measurements were collected using an optical
profilometer after the sample was given time to dry. (Only optical profilometry is used due
to limited instrument access during the COVID-19 pandemic shut down.) Reported
thickness values in Table 3.3 are an average of 8 measurements across the film. Films were
allowed to dry overnight on their metal frame before laser cutting into a ‘dog bone’ shape.
A VLS 3.50 30W CO2 laser cutter from Universal Laser Systems was used to cut the ‘dog
bone’ shape at 2% power, 2.5% speed, 700 PPI. TUFF14 was used to measure the complete
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uniaxial stress-strain response in the freestanding state. Measurements were carried out at
a strain rate of 0.008 s-1 and at room temperature. P2VP samples of ~2 µm in thickness
were prepared in the same way. To separate the film from the frame in a freestanding state,
a scalpel was used to cut the remaining connections to the frame. Uniaxial extension with
a texture analyzer was done at 0.01 mm/s crosshead speed corresponding to a strain rate of
0.0008 s-1.
Table 3.3 Optical profilometer thicknesses of PS-b-P2VP films. Averages are for 8 measurements
across a film.
Chloroform annealed 265 kDa
As-cast 265 kDa
Sample
number

Average
thickness [nm]

Standard
deviation [nm]

Average
thickness [nm]

Standard
deviation [nm]

1

78.0

1.3

74.9

2.2

2

78.5

1.9

67.4

2.4

3

63.2

2.6

77.8

5.1

4

77.8

2.7

63.4

1.9

5

76.9

1.7

69.0

2.1

6

67.2

1.4

-

-

Table 3.4 Optical profilometer thicknesses of P2VP films measured on the Texture Analyzer.
Sample
Average thickness [µm]
Standard deviation [µm]
number
1

2.31

0.17

2

2.50

0.11

3

2.44

0.20

4

1.85

0.06

5

2.82

0.09

6
7

2.40
2.13

0.13
0.11

3.3.4 Atomic Force Microscopy
Surface morphologies were measured through tapping mode at 1 Hz on an SPM
Asylum MFP-3D. Samples were imaged on mica substrates after annealing. To image the
underside of the films (side in contact with mica), the films were first floated onto a water
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bath. A glass slide was brought in contact with the top of the film floating on water, lifting
the film out of the water and exposing the side that was in contact with water. Samples
were allowed to dry before AFM imaging. AFM images were converted to 2D FFT images
using WSxM software, and a radial average was calculated.129 A k = 1/λ was used.
AFM images, 2D FFTs, radial averages, and domain spacings for the two
morphologies can been seen in Figures 3.11-3.14. Each set of numbers correspond to
multiple images taken across a single sample. This was done to ensure that the morphology
was consistent across the entire sample’s surface.
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Figure 3.11 AFM images and domain size of free surface of as-cast PS-b-P2VP. AFM phase
images from various areas across the film on a mica substrate. The second row shows the
corresponding 2D FFTs. The 2D FFTs’ radial averages are shown on the left graph and the k is
converted to domain (real) space in the right graph. The bottom two rows show a separate measured
sample that was prepared in the same manner as the one at the top of the image.

Both sets of AFM images from 2 different samples were prepare the exact same
way and show the same morphology. The domain size is consistent across all images as

59

evidenced by the similar radial average and domain spacing curves, left and right
respectively, regardless of the intensity of the AFM images.

Figure 3.12 AFM images and domain size of substrate surface of as-cast PS-b-P2VP. AFM phase
images from various areas across the film on a mica substrate. The second row shows the
corresponding 2D FFTs. The 2D FFTs’ radial averages are shown on the left graph and the k is
converted to domain (real) space in the right graph.
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Figure 3.13 AFM images and domain size of free surface of solvent vapor annealed PS-b-P2VP.
AFM phase images from various areas across the film on a mica substrate. The second row shows
the corresponding 2D FFTs. The 2D FFTs’ radial averages are shown on the left graph and the k is
converted to domain (real) space in the right graph. The bottom two rows show a separate measured
sample that was prepared in the same manner as the one at the top of the image.
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Figure 3.14 AFM images and domain size of substrate surface of solvent vapor annealed PS-bP2VP. AFM phase images from various areas across the film on a mica substrate. The second row
shows the corresponding 2D FFTs. The 2D FFTs’ radial averages are shown on the left graph and
the k is converted to domain (real) space in the right graph.

3.4 Conclusions
These results show the effect of changing morphology at a constant volume fraction
of each block. The lamellar morphology has a higher maximum stress under uniaxial
extension than the cylindrical morphology and a similar elastic modulus value. However,
the elastic moduli measured are higher than values reported in the literature for PS and
P2VP and values obtained from experiments in this dissertation. Of the two molecular
weights of PS-b-P2VP measured, we see a constant elastic modulus and maximum stress
for the lamellar morphology.
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Chapter 4
WATER-ENHANCED DUCTILITY OF POLY(STRYRENE-b-2VINYLPYRIDINE)
4.1 Introduction
The previous chapter examined the block copolymer system PS-b-P2VP as
freestanding films comparing the mechanical response of two different morphologies at the
same segmental volume fraction. During the attempts to compare the results to the ultrathin
homopolymer PS and P2VP films, we learned that P2VP softens dramatically when in
contact with water. Increasing the thickness to a micron-size scale allowed fabricating
freestanding P2VP films but measurements were still challenging. Based on P2VP’s
interactions with water, there remained the open question of how the block copolymer, in
which 50% is P2VP, would behave in contact with water. Softening of the block copolymer
PS-b-P2VP was not apparent during the floating of films to lift into the freestanding state.
To better understand the effects of water on P2VP, we measure the complete stressstrain response of our block copolymers system on water using TUTTUT. We use quartz
crystal microbalance (QCM) to quantify thickness changes from mass uptake as well as
softening in the two homopolymers PS and P2VP. We also quantify the changes in glass
transition temperature of P2VP in the presence of water and examine our results with
composite theory.

4.2 Results & Discussion
4.2.1 Film Thickness measurements
The thickness of these films was first measured through optical profilometry (OP)
and ellipsometry. OP was used to be consistent with measurements made in Chapter 3.
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Ellipsometry measurements were then conducted to verify the thicknesses measured with
OP. To prepare samples for thickness measurements, each film was cut into three pieces.
One piece was for tensile testing, one piece for OP measurements, and one piece for
ellipsometry. Pieces were lifted off a water surface using glass substrates for OP
measurements and silicon wafer chips for ellipsometry measurements. For OP, a scratch in
the film was made using a wooden coffee stirrer to ensure the glass substrate was not
scratched. The thickness values of each film used for uniaxial tensile testing are in Table
4.1 and Table 4.2. The values for each method show precision but do not agree.
Measurement differences can be due to levelling of the substrate during testing,
microstructure of the films, or constants used in the model for calculating film thickness.
A systematic difference between the two measurement methods was not observed.
Table 4.1 As-cast film thicknesses. Averages are for 8 measurements on the optical profilometer
and 4 measurements on the ellipsometer across a film.
Optical Profilometry

Ellipsometry

Sample
number

Average
thickness
[nm]

Standard
deviation
[nm]

Average
thickness
[nm]

Standard
deviation
[nm]

Difference
of average
[nm]

1

73.6

1.0

79.8

1.3

-6.2

2

70.3

2.6

82.0

1.3

-11.7

3

70.7

2.8

80.5

0.3

-9.8

4

73.8

1.8

80.1

3.8

-6.3

5

71.8

1.4

84.5

2.3

-12.7

6

74.0

2.1

85.4

1.7

-11.4

Table 4.2 Chloroform annealed film thicknesses. Averages are for 8 measurements across a film.
Optical Profilometry
Sample Average Standard
number thickness deviation
[nm]
[nm]

Ellipsometry
Average
thickness
[nm]

Standard Difference
deviation of average
[nm]
[nm]

1

80.0

1.6

87.7

1.3

-7.6

2

77.0

2.5

85.1

0.4

-8.1

3

81.6

1.4

90.6

1.3

-9.1
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AFM was also used in an attempt to verify the film thicknesses measured by the
other two techniques. These results do not confirm either set of thickness measurements
but add variability to the measured film thicknesses. Leveling of the substrate during image
processing plays a dramatic role in the calculated thickness values. In Figure 4.1, the
thickness of the same film on two different substrates is compared. Specifically, the laser
cut edge of a sample is imaged. In Figure 4.1A, the thickness on glass (the same sample
previously measured with optical profilometry) is thicker than the sample on silicon wafer
(the same sample previously measured with ellipsometry). In Figure 4.1D, the opposite is
true.

Figure 4.1 Thickness measured by atomic force microscopy. (A) Height profile from AFM height
image for a chloroform annealed sample on (B) silicon wafer and (C) glass substrates. (D) Height
profile from AFM height image for an as-cast film (sample 6) on a (E) silicon wafer substrate and
(F) glass substrate. Solid lines are best fit curves with zero slope.
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Figure 4.2 Different leveling techniques on AFM micrographs of chloroform annealed films. (A)
shows the film height measured in images (B) and (C) which are sample 1. (D) shows height
profiles in images (E) and (F) for sample 2.

Figures 4.2 and 4.3 look at samples on glass substrates only. Figure 4.2 is of
chloroform annealed films and Figure 4.3 is as-cast films. In these images, the film was
scratched away with tweezers to expose the substrate towards the center of the film. Films
had debris from the scratches that appear as high thickness, lighter areas of the scans, like
at the center of Figure 4.2C. Micrographs were leveled using two different techniques. One
involved masking the film area and leveling the remaining substrate area. The other was
using a base level function in Gwyddion software. While both techniques appear to produce
similar thickness values in Figure 4.2A, this is not true in Figure 4.2D. These two leveling
techniques for as-cast films are seen in Figure 4.3 for three different films. A wide range
of thicknesses across samples and leveling techniques is observed. It is still unclear why
these measurement techniques produce different thicknesses for the same film.
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Figure 4.3 Thicknesses calculated using different leveling techniques on AFM images of as-cast
films (A) 1, (B) 2, (C) 6.

The rest of this chapter, unless otherwise noted, uses the average OP thickness
measurements to calculate the stress-strain curves. This decision was made to keep
thickness measurement techniques consistent with those used in Chapter 3.
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4.2.2 Uniaxial Extension on Water
To probe the plasticization of the P2VP within the block copolymer thin films,
uniaxial extension measurements were carried out with the film floating on a water bath
using TUTTUT.13,16 For both morphologies, the mechanical response is drastically affected
by the presence of water at the film’s interface. The modulus drops below that of the TUFF
measurements and the homopolymer systems discussed in Chapter 3. The as-cast samples
have an elastic modulus of 2.2 ± 0.2 GPa and the chloroform annealed samples have an
elastic modulus of 0.95 ± 0.04 GPa. The maximum stress achieved is also significantly
reduced, attaining 32.5 ± 1.3 MPa and 17.1 ± 1.1 MPa, respectively. The most telling
difference is in the observed failure strain. It increases 10-fold when on the water’s surface
reaching strains of 20-50% before failure (Figure 4.4). The drop in modulus and maximum
stress is indicative of a softer, or plasticized, material as we predicted with our P2VP
homopolymer observations. The water-supported measurements of the two morphologies
also show that the modulus is morphology dependent unlike the freestanding results where
the elastic modulus is not statistically different. The maximum stress for the two
morphologies is opposite. In the presence of water, the cylindrical morphology has a higher
maximum stress. Previous results in the freestanding state showed that the lamellar
morphology had a higher maximum stress. The reported stress-strain curves in Figure 4.4
all use the average OP thicknesses to calculate the stress.
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Figure 4.4 Stress-strain response of (A) as-cast imperfect cylinders (purple) and (B) chloroform
annealed lamellae (green) floating on water. Open circles at the end of a curve represent a sample
that did not fully fail by the end of the test. All other samples were extended until failure.

To determine the effect of thickness variability on the reported mechanical
properties, a representative stress-strain curve from each morphology is recalculated using
the average thickness across the ellipsometry and OP measurements collectively. Figure
4.5 reproduces the stress-strain response for sample 1 of both data sets as a black curve.
The purple and green curves represent the stress-strain response calculated with the average
thickness from the combined ellipsometry and OP measurements. The shaded region
represents one standard deviation of the combined average thicknesses across the two
methods. The thicknesses used to calculate the stress-strain curves in Figure 4.5 are found
in Table 4.3 along with quantitative differences in the elastic modulus and maximum stress.
From this analysis, we can see that the elastic modulus is not significantly affected by the
slight variation in thickness and not until the sample begins to yield do we see a widening
of the shaded area. Since the OP measurements are smaller than ellipsometry, the black
curves fall within the upper bounds of the shaded region, implying that our reported values
in the previous section may be slightly high. This does not alter the fact that the stress-
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strain curves are very different and much softer compared to the dry freestanding
measurements in Chapter 3.

Figure 4.5 Stress-strain curves taking into account uncertainty in thickness. Purple curves are for
as-cast cylinders. Green curves are for chloroform annealed lamellae. Solid black curves
correspond to sample 1 of both data sets in Tables 4.1 and 4.2 using only the optical profilometry
thickness measurements. The colored curves represent the stress-strain response calculated using
the combined average thickness from optical profilometry and ellipsometry measurements. The
shaded region represents one standard deviation difference in thickness from the combined average.
Table 4.3 Modulus and maximum stress taking into account thickness uncertainty.
Chloroform Annealed Lamellae
As-cast cylinders
Thickness
[nm]

E [GPa]

OP only

73.6

0.91

+1 SD

82.6

σMax
[MPa]

σMax
[MPa]

Thickness
[nm]

E [GPa]

16.3

80.0

2.05

33.0

0.92

14.7

88.7

2.10

29.4

Average
77.2
OP/Ellipsometry

0.87

15.6

83.7

1.96

31.5

-1 SD

0.82

16.6

78.6

1.83

33.8

71.8

4.2.3 Deformation and failure in PS-b-P2VP films
In Chapter 3 we consider chain conformations within perfectly aligned
morphologies to explain the difference in maximum stress seen for the two morphologies.
While these arguments make sense for a glassy-glassy block copolymer where both blocks
have similar moduli in their testing environment, when one block softens significantly in
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the presence of water, as we have here, we need to consider the large mismatch in material
strength between blocks.
With the extreme softening of P2VP in the presence of water, we believe this
system is more adjacent to a glassy-rubbery system (even though it does not have a block
below Tg) based on what is observed in true glassy-rubbery systems. In bulk glassy-rubbery
systems of poly(styrene-b-butylmethacrylate) (PS-b-PbMA), where the polymer
composition is changed to obtain different morphologies, the combination of PbMA
cylinders in a PS matrix attains an unexpectedly higher modulus than all other
morphologies, including homopolymer PS.120 In poly(styrene-b-butadiene-b-styrene)
triblock thin films, ranging from 20-600 nm, Saito, Ito, and Yokoyama see an increase in
elastic modulus with decreasing film thickness.17 Both studies above credit the enhanced
strength to the continuous, and stiffer, PS phase. In our as-cast films (cylindrical
morphology) there is a continuous PS phase which is the stronger material (higher
modulus). In a lamellar morphology, even if the lamellae are more fingerprint-like and not
perfectly aligned (as seen in Figure 3.2), the continuity of the PS block is less than that of
the imperfect cylinders resulting in the lower modulus value. This lack of continuity can
also be attributed to the lower maximum stress seen for PS-b-P2VP lamellae on water.
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Figure 4.6 Dark-field micrographs of strain localizations that appear during tension of PS-b-P2VP
films strained in TUTTUT. Arrows point towards examples of lighter areas on the film indicating
regions of deformation.

During experiments, failure typically starts as a crack opening at one of the sides
of the film. In some instances, multiple cracks open during plastic deformation. In our
samples, we see deformation that resembles shear deformation zones (SDZs), or
deformation appearing at angles 45° to the axis of stretching. The images in Figure 4.6
above show two examples of what look to be SDZs and are examples of what is observed
in all of the films tested. If we compare this deformation to PS, one of the components of
the block copolymer, this is somewhat unexpected. In thin PS films, crazing has been
observed,13 and is distinguishable as lines forming perpendicular to the axis of stretching.
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SDZ have been observed in ultrathin PS films, only at reduced thicknesses, on the order of
the molecular size.13 The emergence of SDZs in ultrathin PS is attributed to enhanced
mobility of chains at the surface of the film. SDZs are the dominant mechanism in materials
with higher entanglement densities, reducing the force per entanglement in the system.
Simulations have shown that block copolymer systems have higher entanglement numbers
than similar homopolymers.47 From an entanglement perspective, the SDZs observed
experimentally agree with the enhanced entanglements finding in simulations. Recently,
SDZs have also been reported in a shorter (115 kDa) cylindrical forming PS-b-P2VP
system.18 The likelihood of SDZs in our PS-b-P2VP system increases if water causes
enhanced mobility, or a reduced glass transition temperature, which is presented for P2VP
in the next section.
4.2.4 Depression of Tg
As the material softens in the presence of water, this implies that the molecules
should be more mobile. Higher molecular mobility is linked to changes in glass transition
temperature in thin films.54–59,62–65 Differential scanning calorimetry (DSC) was used to
confirm a Tg change of P2VP in the presence of water. The “dry” homopolymer had a glass
transition temperature of 96.7 °C, reported on the 4th cycle. While the polymer may be
holding moisture from the surrounding humid environment, the repeated cycling to 150 °C
rids moisture from the material. Another sample of the same P2VP mixed with RO water
(0.68 weight fraction P2VP) was sealed in a hermetic pan and kept in a 30 °C oven for ~6
days to allow the liquid to diffuse through the polymer and homogenize.132 The glass
transition of this sample was reduced to 83.9 °C. As the sample is cycled from 10 – 110 °C
four times, the release of water in the sample is evident as the Tg returns to the “dry value”
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on the 4th heating cycle as seen in Figure 4.7. However, the effect of this enhanced mobility
of P2VP in the presence of water on the mechanical properties of P2VP still requires
measurement.

Figure 4.7 Differential scanning calorimetry curves showing the glass transition of P2VP (black
squares) and the shifting Tg of the P2VP combined with RO water (circles) measured over four
cycles.

4.2.5 Quartz crystal microbalance
Due to the difficulty of measuring P2VP through uniaxial extension, we sought
another method, quartz-crystal microbalance, to easily quantify water’s softening effects
on the mechanical properties. This technique allows us to monitor the mass density (which
we can think of as the film thickness based on units)133 and mass uptake of our ~80 nm
films upon exposure to water. The water uptake of films, and the corresponding changes
in film thickness, were measured for a 3.67 μm PS film, a 3.81 μm P2VP film, 173 nm
P2VP film, a 75.9 nm as-cast PS-b-P2VP film, and an 80.7 nm solvent vapor annealed PSb-P2VP film (Figure 4.8). Films were measured in three different environments as pictured
in Figure 4.8A. The first was under dry conditions where drierite pellets removed any
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moisture from the air. The second had the sample placed over water creating a 100%
humidity environment. The third was fully submerging the sample in deionized water.
When the sample was placed in a new environment, the readings were allowed to stabilize
before moving to the next environment. A stabilized reading was one where the value
recorded was constant for at least 20 minutes. All samples were measured in dry and humid
environments and only the thickest homopolymer samples were placed in the liquid
environment.
The two homopolymers, PS and P2VP, showed dramatically different swelling
responses in the presence of water. The PS film did not show much water uptake in either
environment swelling less than 3% under water. The P2VP shows greater water uptake and
increases in thickness compared to PS. The bulk thickness P2VP homopolymer film swells
to 129% of its original thickness in a vapor environment and 142% submerged in water.
Decreasing the thickness of P2VP from 3.81 μm to 173 nm enhances swelling in a vapor
environment to 137%, greater than that of the thicker P2VP film. This uptake of water into
the films, acting as a plasticizer to soften the material, is responsible for the changes in
mechanical response we see in block copolymers on the water surface and explains the
extreme swelling that inhibited lifting of thin freestanding P2VP films.
In the ultrathin block copolymer films, increases in the film’s thicknesses falls
between that of the PS and P2VP homopolymers. From a dry to 100% humidity
environment, the as-cast film swells to a thickness of 112% and the solvent annealed film
swells to 113% of the dry thickness. Since both morphologies are 50% P2VP, this constant
value and medial swelling are expected. Measuring the water uptake of nanometer thin
films submerged in water is a nontrivial task. When film thicknesses are in the nanometer
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size range, placing the quartz crystal under water causes a large frequency shift and the
resulting signal-to-noise ratio can be quite high. For this reason, we only report data for the
thicker homopolymer films submerged in liquid (water).

Figure 4.8 Quartz crystal microbalance results. (A) Schematic representation of QCM in 3
different environments. (B) Mass density normalized by the dry state for each film showing
swells in thickness of each sample in the presence of water. (C) Changes in the complex shear
modulus as a function of water fraction in the 3.5 µm PS and P2VP films.

With QCM, it is possible to measure the changes in complex shear modulus, G*,
for thicker glassy films in different environments. The required thickness is between 3-5
μm for accurate results.133 In our thicker homopolymer films, we see that water does affect
the mechanical properties of P2VP. When exposed to water vapor the film’s G*ρ decreases
significantly from 2.46 GPa∙g/cm3 to 1.39 GPa∙g/cm3. Submerging the film in water
decreases the value even further to 0.91 GPa∙g/cm3. These decreases in G*ρ result in a
softer material, plasticized by the uptake of water molecules. For PS, water has little to no
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effect on G*ρ both in the vapor and liquid environment because water does not swell the
film. These results quantify the softening of the complex shear modulus of P2VP in the
presence of water and indicate that the swelling of P2VP alone is responsible for the
reduced mechanical properties in our uniaxial testing results.
In a dry environment, P2VP does have a higher G*ρ value than PS. This result
agrees with the literature values found for the two homopolymers and disagrees with the
freestanding micron thickness P2VP measurements conducted on the Texture Analyzer in
Chapter 3, where we measured a significantly reduced elastic modulus. However, the G*ρ
value for P2VP in a humid environment is about the same value as seen in PS in all
environments. Taking into account that there is moisture in ambient environments, like the
ones our uniaxial extension tests are conducted in, we can assume that both homopolymers
have similar elastic moduli, with P2VP being softer than PS in high humidity environments
or in contact with water. With P2VP quantified through QCM, we can apply these results
to composite theory to predict out PS-b-P2VP moduli.
4.2.6 A Composite Model
The moduli measured in Chapter 3 were higher than we see for PS and P2VP. In
this chapter, the same materials were measured in contact with water to have lower moduli
than PS and P2VP. Through composite theory, the modulus as a function of filler material
can be predicted. The upper and lower bounds are determined through a uniform strain and
uniform stress assumption, respectively. This corresponds to filler microstructure aligned
parallel to and transverse to the direction of stretching. In a fiber-reinforced geometry, the
composite can be treated as two layers, meaning the following equations are applicable for
both our cylindrical and lamellar morphology.134 Assuming the strain on both components
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is equivalent, 𝐸𝑃𝑆−𝑏−𝑃2𝑉𝑃 = 𝐸𝑃𝑆 𝜙𝑃𝑆 + 𝐸𝑃2𝑉𝑃 𝜙𝑃2𝑉𝑃 where ϕ is the volume fraction of the
phase. If the stress on both phases is the same,

1
𝐸𝑃𝑆−𝑏−𝑃2𝑉𝑃

=

𝜙𝑃2𝑉𝑃
𝐸𝑃2𝑉𝑃

+

(1−𝜙𝑃2𝑉𝑃 )
𝐸𝑃𝑆

. In Figure

4.9, 2.8 GPa is used as the modulus for PS in both environments since this has been
measured on both TUTTUT13,131 and TUFF14 and QCM verified that PS mechanical
properties are unaffected by the presence of water. For P2VP, a dry value of 3.5 GPa is
used as found in literature.95 A modulus value for the wet state is calculated based on QCM
results for P2VP complex shear modulus. The ratio of G*ρ in a dry to submerged state is
2.68:1. Applying this ratio to our dry P2VP elastic modulus results in a “submerged in
water” value of 1.3 GPa. Using these two modulus values for P2VP and a constant modulus
value for PS, we can calculate predictions of the composite moduli or our PS-b-P2VP
system. The composite calculations are seen in Figure 4.9.

Figure 4.9 Composite theory calculations for PS and P2VP. Moduli of the two block copolymer
morphologies measured with TUFF (no water) and with TUTTUT (water) plotted with composite
theory curves. The dashed lines consider dry homopolymers. The blue lines adjust for P2VP in
contact with water.
Of our measured moduli, only the imperfect cylinders on water fall within the

computed ranges. This can be due to many factors. The fiber-reinforced model typically
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assumes that the fiber is the significantly stiffer material within the composite which is not
true in our samples. Simple micromechanical models for composites do not account for
processing techniques, voids, or misalignment of phases.135,136 More complex models take
into account the nonuniformities for the filler modulus depending on the orientation with
respect to the applied force, however agreement between models and experimental data is
still complex in composites.136
Block copolymers have covalent bonding between blocks that affect deformation
and mechanical properties, but this is not captured in the above model. As mentioned in
Chapter 3, the chains of PS-b-P2VP in these two morphologies can be aligned in the
direction of stretching contributing to the differing moduli and maximum stresses. A more
complex model, as well as understanding on the molecular level, is needed to fully predict
the mechanical response of this system.

4.3 Experimental Methods
4.3.1 Materials
The same PS-b-P2VP used in Chapter 3 is used for the below experiments. Poly(2vinyl pyridine of Mn = 152 kDa, Mw = 159 kDa was purchased from MilliporeSigma and
used as is for DSC experiments. Poly(2-vinylpyridine) of Mw 200 kDa from Polysciences,
Inc, was used for QCM. Polystyrene of average Mw ~192 kDa from Sigma Aldrich was
used for QCM.
4.3.2 Sample Preparation
Block copolymer samples were prepared as stated in 3.3.2. Samples were laser cut
on the mica substrate using Universal Laser Systems ULS3.50 at 3% power, 40% speed
and 706 points per inch.
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4.3.3 Uniaxial Extension
Uniaxial extension measurements were carried out on TUTTUT13 in ambient
temperatures at a strain rate of 0.0079 s-1.
4.3.4 Quartz Crystal Microbalance
PS-b-P2VP ultrathin films were prepared as outlined above. Films were then
floated off mica onto a deionized water bath and lifted onto a crystal substrate. Samples
were allowed to air dry for a few minutes until no water was visible and placed in the quartz
crystal microbalance. A solution of 15 wt% P2VP in ethanol was directly spin coated onto
the quartz crystal at 1000 rpm for 30 seconds producing a film of 3.8 μm in thickness.
Similarly, 15 wt% PS in toluene was spin cast using the same settings to yield a 3.7 μm
film. The crystal holder of the QCM, from Advanced Wave Sensors (Valencia, Spain), was
attached to a N2PK Vector Network Analyzer (Makarov Instruments, Thornhill, ON,
Canada). All samples were allowed to equilibrate in ambient conditions, in a drierite
desiccant environment, over deionized water (100% humidity), submerged in deionized
water, and finally in drierite once again. Samples were only placed in a new environment
once the previous measurements were stable for at least 20 minutes. PS-b-P2VP samples
were measured to understand mass uptake of water in the ultrathin films. The thicker PS
and P2VP films were used to understand mechanical property changes in the
absence/presence of water.
4.3.5 Differential Scanning Calorimetry
A pristine P2VP sample was sealed in a hermetic pan and cycled from 10 – 150 °C
four times at a rate of 10 °C/min. The reported Tg is from the fourth cycle. A P2VP and
RO water sample (68 wt% P2VP) was sealed in a hermetic pan and placed in a 30 °C oven
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for ~6 days before measurements were done with DSC. The sample was cycled from 10110 °C four times at a rate of 10 °C/min. Each cycle is reported.

4.4 Conclusions
Water is a plasticizer for P2VP and causes a drop in elastic modulus and maximum
stress of our PS-b-P2VP ultrathin films. Values for these mechanical properties are lower
than those measured for the PS-b-P2VP with TUFF and lower than PS and P2VP
measurements. Failure strains, however, increase significantly when the films are in
contact with water, reaches values ranging from 20-50%. The cylindrical morphology has
higher elastic modulus and maximum stress values compared to the lamellae, most likely
due to the continuous PS matrix in the cylindrical morphology. QCM and DSC
measurements verify this softening of P2VP, showing enhanced swelling and reductions
in Tg, respectively.
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Chapter 5
SUMMARY AND FUTURE OUTLOOK
5.1 Summary of Results
This dissertation focuses on enhancing the understanding of entanglements and
morphology in the context of mechanics of ultrathin polymer films. Two Crosby groupbuilt uniaxial extension testers, known as TUTTUT and TUFF, are used to measure the
complete stress strain response of PS and PS-b-P2VP films ranging from 70-100 nm in
thickness.
In Chapter 2, polystyrene blends are used to systematically control entanglements.
The maximum stress reported for each blend ratio is related to the number of entanglements
per chain. To understand entanglements in these blends on a molecular level, molecular
dynamics simulations are carried out by collaborators. The mechanical properties of
experimental and simulated ultrathin glassy blended films are quantitatively compared and
a new model for quantifying load-bearing entanglements, relating them to the observed
mechanical response, is introduced. This work allows us to understand failure in polymer
thin films on multiple length scales and predict mechanical response based on load-bearing
entanglements in a polymer network.
In Chapter 3, we turn to a more complex phase-separated system of PS-b-P2VP to
study the effect of morphology on mechanical response. Without changing composition of
the PS-b-P2VP, we alter the morphology through solvent vapor annealing and measure the
freestanding mechanical response. The elastic modulus remains constant between
morphologies, but the maximum stress is higher for chloroform annealed lamellar films
compared to as-cast films with an imperfect cylindrical morphology. Both morphologies
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show modulus and maximum stress values greater than reported in literature for PS and
P2VP. While our measurements for PS agree with literature values, the P2VP elastic
modulus we report is significantly lower. We consider chain conformations within the two
morphologies and residual stress to explain the difference in mechanical response. This
study takes advantage of solvent vapor annealing techniques and new ultrathin film testing
capabilities to determine that the high elastic modulus of PS-b-P2VP is independent of
morphology and molecular weight and that the maximum stress is morphology dependent.
In Chapter 4, we examine the effect of water as a plasticizer for P2VP more
extensively. Using TUTTUT, where films float on a water bath, we measure the
mechanical response of the same two morphologies of PS-b-P2VP measured in Chapter 3.
We find that the cylindrical morphology now has a higher modulus and maximum stress
compared to the lamellae. However, both values for both morphologies are below that of
PS and P2VP in literature. Failure strains for PS-b-P2VP increase 10-fold when measured
on water. QCM is used to measure the water uptake and swelling in P2VP homopolymers
as well as the P2VP block in PS-b-P2VP, quantifying a decrease in the complex shear
modulus of P2VP. DSC measurements show that water reduces the Tg of P2VP by more
than 10 degrees. These findings show that water has a significant impact on the mechanical
properties of P2VP, especially in a thin film geometry. By changing morphology and the
environment of the film, we demonstrate tunability of one PS-b-P2VP polymer of constant
volume fraction.

5.2 Future Outlook
While this work adds insight into the role of entanglements and block copolymer
morphology in ultrathin polymer film mechanics, there are still many opportunities to
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further deepen the understanding of the physics underlying the changes in mechanical
response of ultrathin films. Below is some proposed future work.
As a way to visualize forces in polymer chains, mechanophores can be directly
linked in the polymer backbone. After a certain applied force, a mechanophore, such as
spiropyran, can fluoresce and show color change.137 By decreasing the thickness of films
and measuring the mechanophore activation, or fluorescence, one could expect to see
decreasing activation due to the loss of load-bearing entanglements. At a constant
thickness, changes in temperature can also affect the mobility of molecules showing higher
intensity mechanophore activation at elevated temperature where chains are more mobile.
These experiments would provide more insight on the mobility of chains and their role in
the formation of strain localizations and the material failure properties.
There are also many unexplored areas in ultrathin block copolymer mechanics. Our
experiments in Chapter 3 maintain constant volume fraction, and it would be interesting to
compare our results to films where the morphology is changed by changing the volume
fraction of the block copolymer. PS-b-P2VP, with a PS volume fraction of 0.70, that would
thermally achieve cylinders, would most likely have higher modulus and maximum stress
than the 0.50 volume fraction chains being forced into cylinders in our study. The chains
in the thermally formed morphology would not be stretched and/or confined as we
proposed for our as-cast PS-b-P2VP cylindrical morphology, resulting in more loadbearing entanglements. This would provide new understanding of chain conformation and
the effects of phase separation on mechanical response in ultrathin block copolymer films.
The mechanical response as a function of annealing time is also of interest. How
much phase separation is necessary to obtain the strongest thin films? In our PS-b-P2VP
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systems, where properties between blocks are similar, our measured elastic modulus for
the two morphologies is statistically the same. Transitioning from imperfect cylinders to
lamellae perpendicular to the substrate, the morphology passes through a more ordered
cylindrical structure. However, we did not quantify the mechanical properties of these
cylinders and do not know if they are a stronger material than the imperfect as-cast
cylinders. Tensile properties should also be measured for a fully disordered film, or perhaps
a random copolymer, as well as other morphologies to determine if annealing is needed to
enhance mechanical response. If mechanical response remains constant, and further
processing after spin coating is not necessary, this significantly increases the applicability
of such materials in thin film applications from a cost and time-to-produce standpoint.
Glassy-rubbery systems, where one block is below Tg while the other is above,
could have interesting failure mechanisms based on changing morphology. Morphology
could be explored through varying chain composition or solvent vapor annealing at
constant chain composition. In bulk poly(styrene-b-butadiene), they report cavitation in
cylinders opening voids during crazing as the observed deformation mechanisms.138 Our
water supported results do not exhibit crazing as a mode of deformation even though PS
has been observed to craze at those thicknesses.13,14 The deformation of our freestanding
and water-supported films of PS-b-P2VP should be analyzed through electron microscopy
to gain insight into the how such high strains are achieved on the water’s surface. This
imaging can provide understanding on whether deformation occurs at the interface between
block or within blocks of the morphology and enhance our overall understanding of failure
in block copolymer thin films.
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Results from Chapter 3 and simulations show that there are more entanglements in
phase-separated block copolymer films.47,48 By changing the molecular weight of block
copolymers measured, the number of entanglements the chains can form is also altered.
The critical number of load-bearing entanglements can be compared to our polystyrene
blends work and offer experimental insight into the elevated number of entanglements in
phase-separated systems.
In conclusion, this thesis research provides new understanding on the role of
entanglements and morphology as they affect the mechanical response of ultrathin polymer
films. It serves as a framework for designing stronger thin film materials for a wide-array
of applications.
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